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ABSTRACT
Metal matrix composites (MMCs) have attracted a great deal of research interest
because they have better mechanical and physical properties than pure metals. The
extraordinary mechanical properties of graphene make it very suitable for
reinforcing components in MMCs. Although a lot of investigations have been carried
out to introduce graphene into the metal matrix, there has been no systematic
research into the mechanical performance of graphene/metal composites at an
atomic level. In this thesis, molecular dynamics (MD) simulations are used to
investigate the mechanical properties and deformation behaviour of graphene/metal
composites.
This thesis focuses on nano-layered graphene/Cu composites. The results indicate
that a larger volume fraction of graphene enhances the Young’s modulus and tensile
strength of composites, but it results in a lower yield strain. A ‘negative Poisson’s
ratio’ behaviour of composites is observed under uniaxial tension, which is
explained by the enhanced surface effect and inhomogeneous distribution of stress
caused by the graphene/Cu interface. Furthermore, a simultaneous positive and
negative Poisson's ratio can be obtained in an asymmetric composite because
graphene has a good blocking effect. An alternating composite consisting of
multilayer graphene and thin Cu films is proposed to overcome the limitations of
scale, and its negative Poisson's ratio persists when the total thickness is over 100
nm. Nanolayered graphene/Cu composites with adjustable Poisson's ratio may have
potential applications in scaffold design and telecommunication cables.
Graphene/nanotwinned metal (Gr/nt-metal) composites are the main areas of
research because strong strain hardening behaviour is found in Gr/nt-Cu, Gr/nt-Au,
and Gr/nt-Ag composites after fast structural transitions. These transitions begin
II

with the propagation of partial dislocations, followed by lattice rotation and the
formation of ultrahigh-density twins. Graphene plays an important role in these
structural transitions because it provides sites for the dislocation nucleation and acts
as a supporting skeleton for lattice rotation. The symmetrical lattice orientation in
the nt-metal matrix also promotes a structural transition due to the possibility of
dislocation annihilation. However, there is no strain hardening in Gr/nt-Al and Gr/ntNi because the wrinkling of graphene cannot induce nucleation of dislocations due
to high SF energies of Al and Ni.
A nanotwinned copper (nt-Cu) matrix with small twin spacings is used to induce the
wrinkling and buckling structures of graphene. Under uniaxial compression, the
lattice rotation of the nt-Cu matrix transforms 2D graphene into 3D structures. These
newly formed twin boundaries enable graphene to better resist out-of-plane
deformation and maintain a stable wrinkling or buckling morphology over a wide
strain range. A simple sliding method is proposed for decoupling graphene from ntCu since 3D graphene structures with great flexibility and changeable microparameters may have a wide range of applications in energy storage and catalysis.
The shock response of the graphene/nt-Cu composite is investigated using MD
simulations. The composite has higher shock resistance and better self-healing
ability than pure nt-Cu and single-crystal Cu. The addition of graphene can induce
rapid nucleation of numerous dislocations in the composite under a low impact
velocity, while only an elastic wave was seen in the pure Cu samples under the same
conditions. The propagation of dislocations effectively absorbs the impact force,
leading to a rapid decline of shock stresses and particle velocities. Furthermore, since
graphene cannot easily be perturbed by dislocations due to high in-plane stiffness,
the integrity of the crystal lattice in the composite slowly degrades, thus showing
a good self-healing capacity.
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CHAPTER 1 Introduction
1.1 Research Background
Metals are the most important materials used in modern industrial societies, but the
use of pure metals is limited due to their relatively weak mechanical properties [1].
Metal matrix composites (MMCs) reinforced with other metals, ceramics or organic
compounds have recently attracted worldwide attention [2]. MMCs have a metal
matrix filled with reinforcements with better physical and mechanical properties
than the matrix. These reinforcements can improve the basic metal matrix in terms
of specific strength/stiffness, corrosion resistance, and tolerance to damage and other
properties better than conventional engineering materials. Metals such as Cu, Al, Ni,
Mg are those mainly used to prepare composites that will prospectively have wide
applications [3].
Of these reinforcements, carbonaceous nanomaterials have been widely investigated
because they have many desirable properties. For example, carbon nanotube (CNT)
was once thought to be a perfect reinforcement material for MMCs [4], but extensive
experimental and theoretical studies indicated that CNT can significantly improve
the properties of MMCs [5]. However, the high cost of preparation have limited the
application of MMCs reinforced with CNT [6].
Single-layer graphene is the strongest 2D material ever measured and it is almost
200 times stronger than structural steel [7]. Graphene has a large specific surface
area (≈2600 m2 g−1), a low density (2.2 g cm−3), and extraordinary mechanical
properties such as high intrinsic strength (130 GPa) and Young's modulus (1 TPa)
[8, 9]. Graphene is also cheaper to produce than CNT so the large scale preparation
of graphene sheets with few layers can easily be achieved by an industrially viable
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procedure [10]. On this basis, graphene is a more effective and economical material
than CNT as a reinforcing component for MMCs.
Graphene is introduced into metal matrixes by a series of physical and chemical
methods that significantly improve their mechanical, thermal, and electrical
properties [11]. However, unlike a large number of experimental investigations, only
a few molecular dynamics (MD) simulations have been carried out to study the
mechanical properties of graphene/metal composites. An MD simulation is based on
the physical movements of particles using Newton's equation of motion [12]. It is
similar to a “virtual microscope” with high temporal and spatial resolution, which
makes it a suitable tool for understanding and optimising the mechanical properties
of

graphene/metal

composites.

Although

previous

MD

simulations

investigated some factors that can affect the way graphene increases the strength of
MMCs, there are still several important issues that need further exploration. A
review of previous studies and unresolved questions is presented in Chapter 2.
In this thesis, the MD simulations are designed to systematically investigate the
mechanical properties and deformation of graphene/metal composites.

1.2 Outline of this thesis
This thesis is organised as follows:
In Chapter 2, recent developments in graphene/metal composites are reviewed;
they include (1) the introduction of graphene and different graphene/metal
composite systems, (2) a particular focus on the mechanical properties of
graphene/Cu composites, (3) the strengthening mechanisms of graphene, (4)
the mechanical properties and deformation mechanisms of nano-twinned
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metals, and (5) several attempts to prepare graphene/nano-twinned metal
composites.
In Chapter 3, the fundamental concepts and principles of MD simulations such as
potential selection, description of ensembles, loading methods, and the calculation
of local stress and visualisation are presented.

In Chapters 4 and 5, MD simulations are used to study how the amount and
chirality of graphene will affect the mechanical properties of graphene/Cu
composites. The ‘negative Poisson’s ratio’ behaviour of composites is
also investigated.

In Chapters 6 and 7, the tensile and compressive properties of graphene/nanotwinned metal composites are explored by MD simulations. These nanotwinned
metal matrices include Cu, Au, Ag, Al, and Ni.
In Chapter 8, a nanotwinned Cu matrix with a small twin spacing is used to

induce wrinkled and buckled graphene structures. A sliding method is
proposed to decouple the graphene from the matrix.
In Chapter 9, MD simulations are used to investigate the shock response of the
graphene/nanotwinned Cu composite.
In Chapter 10, the main conclusions of this thesis are summarised and future work
is recommended.
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CHAPTER 2 Literature Review
This Chapter provides an overall review of the experimental and MD simulation
studies of graphene/metal composites.

2.1 Graphene-reinforced metal matrix composites
As a reinforcing component, graphene plays a critical role in graphene/metal
composites. This section first reviews previous studies into the mechanical
properties of graphene and briefly describes the different graphene/metal composite
systems.
2.1.1 Graphene
As the most common form of carbon, graphite is stacked by layers of ABAB
hexagonal ring graphene. The isolation of single-layer graphene was first achieved
in 2004 by Geim and Novoselov [13] using mechanical exfoliation; their work was
honoured with the 2010 Nobel Prize in Physics. This unexpected discovery of
graphene led to an explosion of interest in its properties and applications and marked
the beginning of a new carbon era [14]. Until recently, many new approaches have
been developed to prepare single-layer graphene. They include chemical vapour
deposition (CVD) [15], wet chemical synthesis [16], thermal evaporation [17], and
electrochemical intercalation [18]. Molecular dynamics (MD) simulations are
widely used to investigate the mechanical behaviour of graphene. For example,
Tsai et al. [19] used the MD simulation to investigate the mechanical properties of
a single graphene layer and graphite flakes. Figure 2.1 shows the simulation box for
graphene and graphite flakes. The same concept was also applied in a modified NPT
ensemble for simulating systems that vary in size and shape [20]. The Young’s
modulus and Poisson’s ratio of graphene and graphite flakes were evaluated by
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tensile deformation, while the shear modulus was evaluated by applying in-plane
shear stress on the models. The results indicated that the yield strength of singlelayer graphene can reach 0.912 TPa, and the shear modulus was up to 0.358 TPa.

Figure 2.1 Schematic illustration of (a) single-layer graphene and (b) graphite flakes [19].

Zhang et al. [20] used MD simulations to investigate the mechanical properties of
bilayer graphene sheets; here the sp3 bonds reduce the Young’s modulus, ultimate
tensile strength, and fracture strain. The Young’s modulus of pristine bi-layer
graphene sheets was 0.872 TPa, while the Young’s modulus of bi-layer graphene
sheets varied from 0.872 to 0.772 TPa as the density of sp3 bonds increased from 0%
to 5.81%. However, the sp3 bonds strengthened the interlayer shear modulus and
increased the load transfer rate, thus improving the stability of bilayer graphene
sheets under axial compression.
Zheng et al. [21] utilised molecular dynamic simulations to investigate how the
degree of functionalisation, molecular structure, and molecular weight of functional
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groups affected the Young’s modulus of graphene sheets. A pristine graphene sheet
and a graphene sheet functionalized with functional groups are shown in Figure 2.2.
They also investigated how chirality affected the mechanical properties of graphene.
As shown in Figure 2.3(a), the chiral vector determines the boundary structure of
graphene, with armchair and zigzag being two types of symmetrical structures.
Figure 2.3(b) and (c) show examples of armchair graphene under tensile and shear
loadings.

Figure 2.2 Molecular models of graphene: (a) a pristine graphene (Lx = 5.823 nm and Ly = 5.904
nm), and (b) a functionalised graphene with 137 randomly distributed hydroxyl functional groups
[21].

Their results showed that the Young’s modulus for armchair graphene and zigzag
graphene are 1.086 and 1.05 TPa, respectively. The Young’s modulus depends
mainly on the degree of functionalisation and molecular structure of the functional
groups, while the molecular weight of the functional groups has a limited effect on
the Young’s modulus, however, the chemical functionalisation may reduce the shear
modulus and critical wrinkling strain.
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Figure 2.3 Schematic for the chirality of graphene: (a) graphene with chiral angles, (b) armchair
graphene under tensile displacement, and (c) armchair graphene under shear displacement [21].

The excellent elastic properties of graphene have also been predicted by firstprinciple calculations[22]. Furthermore, the Young's modulus and intrinsic tensile
strength of graphene monolayers were tested using the nano-indentation of an atomic
force microscope (AFM) [8]. The Young's modulus and intrinsic tensile strength
were 1.0 TPa and 130 GPa, respectively. With the same method, the Young's
modulus of bi-layer and tri-layer graphene were 1.04 TPa and 0.98 TPa, with an
intrinsic tensile strength of 126 GPa and 101 GPa, respectively [23]. Moreover,
graphene also possesses extreme thermal conductivity (5000 W m-1 K-1) [24], and
super charge-carrier mobility (200,000 cm-2 V-1 s-1) [25]; these unique multiple
properties make graphene a very attractive material for reinforcing a metal matrix.
2.1.2 Different graphene/metal composite systems
2.1.2.1 Graphene-reinforced Cu matrix composites
In 2011 Jagannadham fabricated graphene/Cu composites by dripping a graphene
oxide (GO) solution onto Cu to further reduce the GO [26]. They repeated this
process to disperse the graphene onto the Cu substrates. They found that the crossplane thermal conductivity of the composite decreased due to the lower thermal
conductivity normal to the graphene planes, while the planar thermal conductivity
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in the composite was not reduced below that in pure Cu. The orientation of graphene
can affect the thermal conductivity of the composite, and isotropic thermal
conductivity can be achieved with a random orientation of graphene planes.

Figure 2.4 (a) Graphene/Cu composite powders and consolidated Graphene/Cu composite, (b)
Etched surface, (c) Fracture surface, d) Stress-strain curves of Graphene/Cu nanocomposite, (e)
Enhancement effect of various reinforcements in the Cu matrix [9].

Hwang et al. [9] used a molecular-level mixing process with a spark plasma sintering
(SPS) process to fabricate a Cu matrix composite reinforced with graphene.
Graphene/Cu composite powders and graphene/Cu composite consolidated by SPS
are shown in Figure 2.4(a). The SPS process provides low sintering temperature and
fast sintering time to minimise the thermal decomposition of graphene during
consolidation. The SEM image in Figure 2.4(b) shows that graphene was
homogeneously dispersed in the Cu matrix. Graphene was also observed at the
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fracture surface of the composite, as shown in Figure 2.4(c). Figure 2.4(d) shows the
tensile properties of the graphene/Cu composite. The tensile strength of the 2.5 vol%
graphene/Cu composite was about 335 MPa, which is 30% greater than pure Cu.
Furthermore, the Young’s modulus and yield strength of the composite increased by
about 30% (from 102 to 131 GPa) and by about 80% (from 160 to 284 MPa),
respectively. This enhancement is due to the high load-transfer efficiency of
graphene.
Kim et al. [27] fabricated a nanolayered composite consisting of alternating layers
of metal (Cu or Ni) and monolayer graphene. As shown in Figure 2.5, graphene is
first grown by CVD and then transferred onto the evaporated metal thin film on an
oxidised Si substrate. The polymethyl methacrylate (PMMA) layer is then removed
and the next thin film layer of metal is evaporated. By repeating the metal deposition
and graphene transfer processes, graphene/Cu nanolayered composites can be
synthesized with different and repeatable thicknesses of metal. The graphene/Cu and
graphene/Ni Cu nanolayered composites with the highest strengths of 1.5 GPa at 70
nm and 4.0 GPa at 100 nm were much higher than the theoretical strengths of their
respective matrix metals. The strengthening of single-layer graphene was also
confirmed by TEM analyses and MD simulations. It was found that graphene
provides an effective barrier against dislocation, even if it is only a single atomic
layer thick.
Chu et al. [28] prepared graphene/Cu composites by a combination of ball milling
(BM) and hot pressing (HP). Unlike unreinforced Cu, the graphene/Cu composites
had a large increase in yield strength and Young's modulus of up to 114% and 37%,
respectively. This excellent reinforcement is due to the homogeneous dispersion of
graphene and grain refinement.
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Figure 2.5 Schematic of graphene/metal multilayer system synthesis [27].

To achieve better homogeneous dispersion of graphene and more efficient interfacial
bonding between graphene and metals, Li et al. [29] and Tang et al. [30] first
synthesized Ni-decorated graphene nanoplatelets (Ni-GPLs) by chemically reducing
the Ni ions on the surface of graphene. Ni-GPLs were then added to the Cu matrix
to prepare the Ni-GPL/Cu composites. It was found that increasing the amount of
graphene increased the tensile strength and elongation of the Ni-GPL/Cu composites.
Pavithra et al. [31] prepared graphene/Cu nanocomposite foils by pulse reverse
electrodeposition (PRED). The hardness and modulus of the composite obtained at
2.5 GPa and 137 GPa were almost two and 1.2 times higher than bulk Cu,
respectively. The strengthening mechanism was due to the fine grain size and
uniform distribution of graphene.
Zhao and Wang fabricated graphene/Cu composites by the electroless plating and
the SPS processes [32]. There was a very high tensile strength (480 MPa) in the
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composite with 1.3 wt-% graphene. Dutkiewicz et al. obtained graphene/Cu
composites by vacuum uniaxial hot pressing of ball-milled mixtures of powders.
SEM images showed that a more homogeneous microstructure was obtained by
adding fine graphene rather than coarse graphene. The incorporation of fine
graphene resulted in higher hardness and lower electrical resistivity.
In a recent work, Yoo et al. [33] fabricated graphene/Cu nanocomposite powders by
a molecular-level mixing process. Unlike pure Cu, the addition of 1.2% volume
fraction of graphene led to 1.9 and 1.3 times increase in the yield strength and
Young’s modulus, respectively. They found a synergistic effect between the grain
refinement and load transfer in which increased the mechanical properties of the
composite.
2.1.2.2 Graphene-reinforced Al matrix composites
In 2011, Bartolucci et al. [34] prepared a composite consisting of graphene platelets
and powdered Al by ball milling, hot isostatic pressing, and extrusion. However, the
mechanical tests were not encouraging because the composite was lower in strength
and hardness than the pure Al and multi-walled carbon nanotube reinforced Al
composites. They explained the inferior mechanical properties by the formation of
Al carbide during the consolidation and extrusion process.
Wang et al. [35] fabricated graphene/Al composites through a modified
methodology based on flake powder metallurgy. Figure 2.6(a) shows the tensile
properties of the composite and the corresponding Al specimen; Figure 2.6(b) shows
the fracture surface of the composite. The tensile strength of the composite was 249
MPa with only 0.3 wt-% of graphene nanosheets, this was a 62% enhancement over
the unreinforced Al matrix. Their results showed for the first time that graphene can
be effective reinforcement in an Al matrix.
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Figure 2.6 (a) Tensile properties of 0.3 wt-% graphene/Al composite and the corresponding flaky
Al specimen. (b) Fracture surface of 0.3 wt-% graphene/Al composite [35].

Guan et al. [36] prepared a reinforced Al composite by adding graphene/Cu powder
into melted Al. This composite was ~40% harder than pure Al. Bastwros et al. [37]
fabricated graphene/Al composites by ball milling and hot compaction. Unlike the
reference sample, the flexural strengths of this composite with only 1.0 wt-%
graphene had increased significantly. Li et al. [38] fabricated a densified
graphene/Al composite by hot pressing the reduced graphene oxide/Al composite
powders. The Young’s modulus and hardness of the composite had increased by 18%
and 17%, respectively. A recent work by Huang et al. [39] used high-pressure torsion
to fabricate a graphene-reinforced Al-based nanocomposite. There was a significant
microstructural refinement of the Al matrix and the composite showed improved
hardness and tensile strength compared to pure Al.
2.1.2.3 Graphene-reinforced Ni matrix composites
In 2012, Hu et al. [40] synthesized graphene/Ni composites from graphene oxide
sheets using electroless Ni-plating in a NiSO4 solution, with NaBH4 as a reducing
agent. The composite showed a high specific surface area and a porous structure and
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uniform dispersion of Ni particles which may potentially be used as catalysts. In
2013, Kumar et al. [41] prepared a graphene/Ni composite coating on mild steel
specimens using the electrodeposition technique. They found that graphene could
change the surface morphology and reduce the grain size of the composite with
higher hardness. Kuang et al. [42] prepared graphene/Ni composites by
electrodeposition in a Ni sulfamate solution. They showed that the thermal
conductivity of the composite was ~15% higher than pure Ni, and the composite was
almost 4 times harder than pure Ni. Zhang et al. [43] developed a prototypical
graphene-derived Ni/Ni3C composite where the graphene wrapped the Ni powders
closely by shear mixing and freeze drying. There was a 73% increase in strength, a
6% increase in Young’s modulus, a 44% improvement in toughness, and only a 28%
reduction in ductility.
2.1.2.4 Graphene-reinforced Mg matrix composites
In 2012, Chen et al. [44] prepared graphene/Mg composites by combining liquid
state ultrasonic processing and solid-state stirring, these fabricated nanocomposites
had a uniform dispersion of graphene and enhanced properties. The composite with
1.2 vol-% graphene was 78% harder than pure Mg fabricated under the same
conditions. Rashad et al. [45-47] carried out several studies on the topic of
graphene/Mg composites. These composites were prepared by semi-powder
metallurgy and hot extrusion. Tensile tests indicated that the addition of graphene
increased the yield strength, ultimate tensile strength, and ductility. It is worth noting
that any increase in ductility has seldom been reported. The authors explained that
the improved ductility was pure Mg is more porous than the composite, and Mg has
a limited number of slip systems. The hardness, yield strength, and fracture strain of
the composite increased as the amount of graphene increased. In a recent work [48],
magnesium oxide nanoparticles were coated onto a reduced graphene oxide (RGO)
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surface and then introduced in AZ61 alloy by laser melting. Unlike the AZ61-RGO
composite and AZ61 alloy, the graphene/Mg composite showed a 13.3% and 34.0%
decrease in corrosion, respectively.
2.1.2.5 Other graphene–metal composites
Many other graphene/metal composites have also been reported in recent years.
They include graphene/Au composites [49, 50], graphene/Ag composites [51, 52],
graphene/iron composites [53], graphene/Fe/Ni composites [54], graphene/Pt
composites [55], graphene/Cd composites [56]. Graphene/metal composites have a
wide range of application such as catalysts, photo-catalysts, and energy storage and
biosensors [57].

2.2 Mechanical properties of graphene/Cu composites
Cu is widely used in modern industrial societies, which is why the graphene/Cu
composite is the main object of our research. This section will review previous
experimental and MD studies into the mechanical properties of graphene/Cu
composites, and will also discuss the strengthening mechanism of graphene.
2.2.1 Experimental observations
Graphene/Cu composites have shown a higher yield strength, tensile strength,
hardness, and Young’s modulus than unreinforced metals, but these mechanical
properties have been strongly influenced by (1) the amount of graphene, (2)
graphene derivatives, (3) modifications to graphene, and (4) the processing
conditions.
2.2.1.1 Effect of the amount of graphene
Since graphene possesses mechanical properties that may also change the
microstructure of a metal matrix, the mechanical properties of composites are
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expected to improve as the amount of graphene increases. However, the mechanical
properties will also decrease if the amount of graphene exceeds a certain critical
value, which if exceeded, leads to a poor transfer of stress as the graphene and
interface debonding aggregates.
For example, Chu and Jia prepared graphene/Cu composites by combining ball
milling and hot‐pressing [28], but unlike unreinforced Cu, graphene/Cu composites
with 8 vol% graphene achieved a 114% increase in yield stress and a 37% increase
in Young’s modulus. However, Figure 2.7(a) shows that after increasing the amount
of graphene by 12 vol%, the yield strength and Young’s modulus fell to 46% and
24%, respectively. This effect of a weaker enhancement was mainly caused by the
composite powders aggregating. On the other hand, the mechanical improvement in
the experiments was below the theoretical value, as shown in Figure 2.7(b). Here,
Young’s moduli were lower than the theoretical results predicted by the Halpin-Tsai
model, indicating the potential for further enhancing the mechanical properties of
composites.

Figure 2.7 (a) Yield strength and Young’s modulus, and (b) a comparison between experimental
values and theoretical calculations of Young’s moduli for Cu/graphene composites as a function of
the amount of graphene [28].

The authors explained this gap using three factors: (1) the loss of the intrinsic
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properties of graphene due to the more structural defects generated in the BM
process, (2) insufficient interfacial bonding between graphene and Cu, and (3) the
random orientation of graphene reduces the strengthening effect.
The mechanical performance of Cu was obviously improved by the introduction of
graphene into the molecular level mixing process and spark plasma sintering process
[58], but the strengthening effect decreased as the amount of graphene increased; for
example, the average yield strength of pure Cu was 142 MPa with 30% fracture
elongation. Similarly, Young’s modulus and the hardness of the composite increased
and then decreased as the amount of graphene increased. Maximum values were
obtained when the graphene content was about 0.6-0.8 vol-%. This reinforcement of
graphene was attributed to a high dislocation density formed near the graphene due
to the large thermal expansion mismatch between graphene and Cu. However,
interface debonding would occur in the composite with a large amount of graphene,
and this would reduce the mechanical performance.
Chen et al. [59] fabricated graphene/Cu composites by growing the graphene in-situ.
There was a marked improvement in the mechanical properties of the composite
after the addition of graphene. The yield strength of 144 MPa and tensile strength of
274 MPa were achieved with 0.95 wt-% graphene, which was 177% and 27.4%
higher than pure Cu, respectively. However, this increase in the amount of graphene
reduced the mechanical properties to a lower level. This poor enhancement of the
composite was mainly caused by a weaker bonding between the graphene and Cu
matrix. The Raman spectra of the composite indicated that an increase in defects in
graphene may be another reason for the poor enhancement of mechanical properties.
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2.2.1.2 The Effect of graphene derivatives
Li et al. [60] investigated the effect that graphene defects had on the mechanical and
electrical properties of graphene/Cu composites. Different amounts of reduced
graphene oxide (RGO) or high-quality graphene (HQG) were mixed with copper
powders by ball milling and spark plasma sintering. The Cu/RGO and Cu/HQG were
harder than pure Cu, but due to the lack of defects on the surface of the HQG, the
hardness and electrical conductivity of Cu/HQG were both higher than the Cu/RGO.
Zhang and Zhan used graphene nanoplatelets (GNPs) and RGO to fabricate Cu
matrix composites using a modified molecular level mixing process [61]. The two
derivatives showed the same strengthening mechanisms but with different
strengthening effects; the GNPs performed well with low amounts and the RGO
performed better with high amounts, but the RGO had more defects than the GNPs.
However, there was an obvious aggregative trend in the composite with more than
vol-0.5% GNPs, and therefore the GNPs had a better enhancement effect with
amounts below vol-0.5%. The RGO performed better as the amount increased from
0.5 to 1 vol%, as shown in Figure 2.8.
Zhang and Zhan also investigated Cu matrix composites reinforced with three types
of graphene derivatives: GNPs, nickel-plated nanoplatelets (Ni-GNPS), and RGO
[62]. The tensile strength of the composite with 0.5 vol-% RGO increased by 22
MPa compared to the composite with 0.5 vol-% GNPs. This was attributed to
stronger interface bonding between the RGO and Cu than between the GNPs and Cu.
There was a combination of mechanical and metallurgical bonding between the
GNPs and t Cu matrix, but the transition zone for the RGO/Cu composite differed
from the Ni-GNPs/Cu interface, which was characterised as an oxygen-enriched
region. The decoration of nickel particles on GNPs led to the formation of a
transition zone containing Ni at the interface between the Ni-GNPs and the Cu
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matrix. The good interfacial adhesion between the Ni-GNPs and the matrix was
attributed to the chemical interaction.

Figure 2.8 Yield and tensile strength of Cu/graphene derivative composites versus graphene
derivative volume fraction [61].

2.2.1.3 Effect of graphene modification
Li et al. [29] investigated the preparation and mechanical performance of
graphene/Cu composites using Ni nanoparticles decorated with graphene
nanoplatelets (Ni-GNPs) as a reinforcing component. Specimens of pure Cu and a
GNPs/Cu composite were also prepared under the same conditions for comparison.
The ultimate tensile strength of the Ni-GNPs/Cu composite was 42% higher than the
monolithic Cu, but the ultimate tensile strength of the GNPs/Cu composite was less
than the monolithic Cu. The better enhancement of Ni-GNPs/Cu was explained by
the addition of Ni, which achieved a good dispersion and strong Cu-GNPs bonding.
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Zhang and Zhan fabricated different graphene/Cu composites using a modified semipowder method [63]. To improve wettability, electroless Cu and Ni plating were
carried out on the surface of the GNPs before being mixed with Cu powder. The
yield strength of the composite was much higher than pure Cu. This strengthening
mechanism was explained by the grain refinement, an increase in the dislocation
density, and better load transfer. It was found that the yield strength of the CuGNPs/Cu and Ni-GNPs/Cu composites was higher than the Cu/GNPs composite.
This was attributed to a more uniform dispersion of GNPs in the Cu matrix and with
better interfacial bonding. However, since the interfacial bonding between graphene
and Ni was higher than between the graphene and Cu, the wettability of the GNPsNi is better than the GNPs-Cu. The Ni-GNPs/Cu composite was also stronger than
the Cu-GNPs/Cu composite.
Si et al. [64] synthesized Cu matrix composites reinforced with carbide-coated GNPs.
The TiC or VC coatings were formed in situ on two sides of the GNPs through a
controllable reaction in molten salts. The tensile strength of the Cu/GNPs and
Cu/GNPs-TiC composites was higher than pure Cu due to grain refinement and
dislocation strengthening. It was found that the tensile strength of Cu/GNPs-TiC had
increased to 470 ± 7 MPa, which was 40% higher than that of the Cu/GNPs
composite. This was due to an improvement in the interfacial properties because of
a more efficient load transfer process and the addition of TiC-coated GNPs, unlike
the bare GNPs.
2.2.1.4 Effect of processing conditions
Few-layer graphene (FLG) and copper powder were mixed by ball milling to
produce homogeneous composite powders [65]. Then FLG reinforced copper
composites (FLG/Cu) were fabricated by spark plasma sintering (SPS) and
composite powders with 2.4 vol-% FLG. The compressive yield strength and
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maximum compressive strength of the composites are shown in Figure 2.9(a). The
figure shows that the yield strength of the composite fabricated at 100 rpm for 4h
was 376 MPa, but the yield strength decreased from 376 MPa to 337 MPa as the
milling speed increased from 100 rpm to 300 rpm. Furthermore, at 300 rpm, the yield
strength decreased from 337 MPa to 325 MPa as the milling time increased from 4
h to 8 h. These results were caused by an increase in the concentration of defects, as
shown by the decrease in the ID/IG ratios in the Raman spectra as the milling speed
and time increased, as shown in Figure 2.9(b).
Cu/GNP composites and pure Cu were fabricated by up to 8 cycles of accumulative
roll bonding (ARB) at room temperature [66]. The results showed that the dispersion
of GNPs improved the interface bonding and the matrix grain size would decrease
as the number of ARB cycles increased. The tensile strength of the composite also
increased as the number of cycles increased, and the tensile strength of the composite
reached 496 MP after 6 ARB cycles, which was much higher than the annealed Cu
(275 MPa).

Figure 2.9 (a) Mechanical properties and (b) ID/IG ratios of Cu/GNPs composites fabricated by a
PM route varying the milling speed and time [65].
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The effect that the sintering mode and addition of graphene had on the
microstructural and mechanical properties of graphene/Cu composites reinforced
with 0.9, 1.8, 2.7 and 3.6 vol-% of graphene nanoparticles [67] was investigated. It
was found that after adding graphene, the composite became harder than pure Cu
because graphene has superior mechanical properties. However, the samples of
microwave sintered composite with the same amount of graphene were harder than
the conventional counterparts. The microwaved sintered Cu/3.6 vol-% graphene
composite was the hardest at 89 ± 2.4 HV100, while the conventionally sintered
sample had a hardness of 82 ± 2.2 HV100. The difference between them was due to
the more refined and homogeneous microstructure generated during microwave
sintering.
Ponraj et al. [68] fabricated graphene/Cu composites by mixing pure Cu and GNPs
powders with a mechanical stirrer and then compacting and sintering them
conventionally. They used two types of Cu powders in their work, spherical powders
with an average size of 45 μm and dendritic powders with an average size of 70 μm.
They found that starting with the same Cu powder the composite became harder as
the milling time increased. This result was due to a higher reduction in the size of
the Cu powder with a better dispersion of GNPs in the Cu matrix. Moreover, for the
same milling time, the hardness of the composite prepared with dendritic Cu
powders was higher than the composite fabricated with spherical Cu powders. This
indicated that the morphology of the starting Cu powders also played an important
role in the mechanical properties of graphene/Cu composites.
2.2.2 Molecular dynamic simulations
In comparison to a large number of experimental studies, there are only a few MD
simulations

of

graphene/Cu

composites.

In

2013,

Kim

et

al.

[27]

synthesized graphene/Cu nanolayered composites in an experiment and also used
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MD simulations to investigate the remarkable strengthening of the single atomic
layer of graphene. The results of their simulation clearly indicated that graphene/Cu
nanolayered composites can show ultra-high strength because graphene provides an
efficient barrier to dislocations across the interface. Graphene cannot be easily
perturbed by dislocations to create a slip step because of its high in-plane intrinsic
strength and Young’s modulus.

Figure 2.10 A schematic of (a) the in-plane, and (b) out-of-plane compatibility of lattice for layers
of copper and graphene in graphene/Cu composites, (c) A schematic of the infinite shear model for
graphene, Cu, and graphene/Cu composites [69].

In 2016, Liu et al. [69] investigated the mechanism of interfacial strengthening in
graphene/Cu nanolayered composites under shear deformation by MD simulations.
The two shear planes ((100) and (111)) of copper and the chirality (armchair and
zigzag) of graphene are shown in Figure 2.10. It was found that the distance between
the interlayer of graphene and the crystal stacking orientation of Cu are two
important factors that affect the shear strength. The shear failure strain of zigzag22

based composites is much higher than armchair based composites, while the shear
failure stress of (100)-stacking composites is greater than (111)-stacking composites
due to the rotation of the slip bands. The shear toughness of the composite is
determined by the chirality of graphene and the crystal orientation of Cu.
Furthermore, there was a remarkable self-healing effect in the composite after the
shear deformation was released.
In 2016, the shock response of a Cu/graphene nanolayered composite was
investigated with MD simulations by Long et al. [70]. The Cu/graphene interface is
the source of dislocations but it can also act as a barrier to the propagation of
dislocations. It was found that the nucleation sites of dislocations follow the Moiré
pattern. Figure 2.11(a) and (b) show the Moirépatterns formed by graphene and the
lower Cu plane before and after shock loading, respectively. Before the arrival of
shocks, the hollow site configurations (H) in the Moirépattern were hexagonal, with
three-fold symmetry, but after the passage of the shock, two parallel rectangles were
obtained along the direction of the shock. For parallel loading, the potential
distribution of energy on the Cu surface showed different characteristics than when
under normal loading, i.e., it was higher on the hollow sites than on the top or
intermediate sites. This result was due to the difference in packing between graphene
and Cu. Under a large shock loading, the Cu/graphene interface also provides a good
site for dislocation nucleation. Primary dislocations were initially generated on one
side of the graphene, and then secondary dislocations were induced on the other side
by the graphene wrinkling.
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Figure 2.11 Moiré patterns before (t = 0 ps; a) and after (2 ps; b) the shock passage for
parallel shock loading along the y-axis at = 0.6 km/s, (c) Potential energy (PE) map on a Cu layer
nearest to graphene at 2 ps. H: hollow sites [70].

In 2017, He et al. [71] used MD simulations to investigate the mechanical properties
of isolated copper film and four kinds of Cu/graphene composites under uniaxial
tension. The strength and plasticity of the composites had improved significantly
due to the addition of graphene. The fracture strength and strain of the composites
were closely related to the number of graphene layers.
In 2018, Weng et al. [72] carried out a uniaxial compression of nanolayered
graphene/Cu composites to investigate the underlying strengthening mechanism of
graphene and the effect of lamella thickness. The MD models are shown in Figure
2.12. Graphene was packed onto the Cu (111) surface with the zigzag and armchair
directions parallel to the x- and y- directions respectively. It was found that the
stress-strain curves of composites had three regimes: the elastic regime, the plastic
strengthening regime, and the plastic flow regime. Incorporating single-layer
graphene can improve the strength and ductility of the composites. The lamella
thickness plays an important role in the mechanical properties of graphene/Cu
composites.
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Figure 2.12 MD models of (a) pure Cu, (b) Cu/single-layer graphene composite, (c) Cu/multilayer
graphene composite [72].

In 2019, Weng et al. [73] conducted MD simulations to investigate the anisotropic
and asymmetric deformation mechanisms of nanolayered graphene/Cu composites.
They found that the deformation and defect structures depended mainly on the
loading conditions. An asymmetric tension-compression deformation behaviour was
found in graphene/Cu nanolaminates under the <112> loading, which was
dominated by stacking faults and deformation twins formed by dislocation slides
under tension and compression, respectively. Very dense and ordered nanotwins
were formed at the graphene/Cu interfaces. Two different formation mechanisms of
the twins were analysed under the <112> compression, and the nucleated twins can
easily be thickened using graphene wrinkles.
In 2020, Peng et al. [74] carried out MD simulations to investigate the effects that
graphene has on the mechanical properties in multilayer Cu/graphene composites
under uniaxial tension. They found that zigzag and armchair graphene can improve
the mechanical strength of the composite; this enhanced efficiency is related to the
chirality and interlayer thickness of graphene. The Cu/graphene interface has a great
effect on the dislocation nucleation and propagation of plastic deformation. Firstly,
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the interface can act as a resource of dislocation emission because the high stress
concentrated on the interface caused by lattice mismatch and shear modulus
mismatch between the Cu and graphene can reduce the energy of nucleation.
Secondly, the dislocations are confined by an impenetrable interface during
propagation which leads to an intense interaction between the dislocations and the
interface. The confinements and interactions both result in the high stress required
during the propagation process.
In 2020, Shuang et al. [75] used systematic MD simulations to investigate the
dislocation-graphene interaction in Cu/graphene composites. This work found the
simple edge dislocation pileup and the complex dislocation network in composites.
The intrinsic and extrinsic size effects were discussed with respect to varying the Cu
lamella thickness and pillar sizes. An anomalous extrinsic size effect was proposed:
the smaller, the weaker. They also used MD simulations to study the dislocationgraphene interaction in other graphene/metal composites [76, 77].
2.2.3 Strengthening mechanism of graphene
A deep understanding of the strengthening mechanism of graphene helps to
maximize graphene-enhanced performance. In short, the mechanical strengthening
of graphene is mainly attributed to three mechanisms: (1) filler strengthening, (2)
dislocation strengthening, (3) fine-grain strengthening.
2.2.3.1 Filler strengthening
As a filler, graphene possesses excellent mechanical properties. The Young’s
modulus and intrinsic strength of graphene are about 1.0 TPa and 130 GPa,
respectively [8], which is much higher than all the metal matrixes. Therefore, a much
higher tensile strength and Young’s modulus should be obtained in the metal
composites reinforced with graphene. A well-known and simple strengthening
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model is the Voigt model; its main hypothesis of the Voigt model is that the
composite consists of two separate and piled-up phases with the same geometries
[78]. The Halpin-Tsai model is also widely used for predicting the modulus of unidirectional or randomly distributed fibre reinforced composite [79].
For example, Rafiee et al. [80] measured the mechanical properties of epoxy
nanocomposites with additives of graphene platelets (GPL), single-walled carbon
nanotubes (SWNT), and multi-walled carbon nanotube (MWNT). The Young’s
modulus of this graphene-based composite was ∼31% larger than the pristine epoxy,
compared to ∼3% increase of SWNT. The tensile strength of the baseline epoxy was
enhanced by ∼40% with graphene platelets compared to ∼14% improvement of
MWNT. The Young’s modulus obtained in the experiment matched well with the
theoretical result predicted by Halpin-Tsai theory as shown in Figure 2.13.

Figure 2.13 Young’s modulus of nanocomposite samples with GPL, SWNT, and MWNT
compared to the pristine epoxy matrix [80].
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2.2.3.2 Blocking dislocation propagation
It was found that graphene can be used to pin dislocations by hindering their
movement and thus strengthening the composites. For example, Kim et al. [27] used
MD simulations to examine the way single-atomic-layer graphene strengthens
Ni/graphene composites. As Figure 2.14 shows, with external loading and a
dislocation motion near the interface, subsurface Ni atoms are displaced to
accommodate the dislocation core and create a stress field. However, the surface Ni
atoms closest to the graphene will maintain their atomic positions without creating
a surface step (Figure 2.14(c)), because the graphene sheet is very stiff and the
Ni/graphene interaction is very strong. In order to create the surface step shown in
Figure 2.14(d), graphene must (1) impart a wrinkled structure onto the angstrom
length scale to maximise the Ni/graphene interaction, albeit at the expense of the
enormous stress fields in the graphene, and (2) sacrifice the substantial total
Ni/graphene interaction energy. These assumptions seem to be impossible because
of the large energetic penalty, so the dislocation core stays at the subsurface Ni layer.
Although some defects began to appear throughout the pillar with further loading,
there was no dislocation propagation across the surface of the graphene.
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Figure 2.14 MD simulations for graphene/dislocation interaction. (a) A schematic view of the
dislocation slip, (b) Top view of the Ni/graphene composite, (c) Side views before the dislocation
core arrives (left), right after the dislocation arrives (middle), and after the dislocation propagation
has been blocked at the Ni/graphene interface (right), (d) Schematic figure showing the blocking
of dislocation propagation at the Ni/graphene interface [27].

In a more recent MD study, Zhu et al. [81] used compression tests to study the
dislocation-blocking mechanism of the reinforcing and toughening effect of
graphene/Al nanolayered composites. It was found the sliding dislocations could be
restricted and stacked by the graphene in the graphene/Al composites, which led to
a high dislocation density at the interface. The dislocation-blocking mechanism had
an obvious size effect because the composite with a smaller spacing and distance
performed better. This mechanism was also related to the orientation of the Al matrix,
so the composite consisting of [1 1 0] direction of Al performed better.
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2.2.3.3 Fine grain strengthening
The fine grain strengthening mechanism is also called Hall-Petch strengthening. The
strength/hardness of metallic materials usually increases as the grain size decreases.
Grain size refinement can be achieved by increasing the volume fraction of the grain
boundary (GBs), these obstacles are strong enough to prevent dislocation motions
and therefore they strengthen the materials. In 2020, Zhang et al. [82] used MD
simulations to investigate the mechanical properties and deformation mechanisms
of graphene/Cu composites with different graphene morphologies. Figure 2.15
shows four simulated samples, NC Cu with no graphene embedded, Cu grains
partially enclosed by graphene boundaries (GrBs) (9.1 vol-%), partially GrBs
enclosed Cu grains with intragranular graphene nanosheets (17.3 vol-%) and fully
GrBs enclosed Cu grains (17.7 vol-%). It was found that the strong dislocation
storage and unconventional GB mediated mechanisms in the composite could lead
to a very strong GPa of 8.77 and strong strain hardening compared to nanocrystalline
Cu. Substitute GrBs can effectively prevent conventional GB-mediated selfdeformation. The high strength and strain hardening rate are caused by the
intragranular dislocation-mediated process.
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Figure 2.15 The microstructures of Cu/graphene composites. (a) Nanocrystalline Cu with no
graphene embedded (NC/Cu), (b) Cu grains partially enclosed by graphene boundaries, (c) Cu
grains partially enclosed by graphene boundaries, and (d) Cu grains fully enclosed by graphene
boundaries, respectively, (e) The spatial distribution of each Cu grain centre for the four initial
samples, and (f)-(h) The microstructures of graphene that correspond to the graphene fraction
described in (b)-(d) [82].

2.3 Graphene/nano-twinned metal composites
In most graphene-based metal matrix composites a single crystal metal matrix is
often used but the orientation of metal matrices is not considered very well.
Graphene/nano-twinned metal composite is a relatively new concept in the field of
composite materials. This section provides relevant background knowledge.
2.3.1 Experimental preparation of nano-twinned metals
Nano-twinned metals have attracted widespread interest because their mechanical
and electrical properties are very desirable [83, 84], which is why the amazing
discovery of nano-twinned structures have greatly promoted their fabrication
techniques. One optional strategy is to control the atomic arrangement of metals
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during the bottom-up fabrication process. The bottom-up methods used to prepare
nano-twinned structures are called growth twins. The main bottom-up methods
include chemical vapour deposition (CVD) [85], magnetron sputtering deposition
[86], electro-deposition [87], and electroplating [88] etc.
Figure 2.16(a) shows the equiaxed nano-twinned Cu (nt-Cu) fabricated by electrodeposition [83]. The tensile strength of this nt-Cu is about 10 times higher than
conventional coarse-grained Cu, but its electrical conductivity is comparable to pure
Cu. This very high strength is due to the dislocation motion being blocked by
numerous coherent twin boundaries with an extremely low electrical resistivity.
Figure 2.16(b) shows the columnar-grained Cu with preferentially oriented
nanoscale twins prepared by electro-deposition [89]; it exhibits inhomogeneous
deformation behaviour. Tensile tests of the as-deposited nt-Cu showed that the yield
strength increased as the twin thickness decreased, while the work hardening
capacity and uniform tensile ductility decreased at smaller grain sizes. Detailed
microstructural investigations indicated that the columnar grained Cu samples had
inhomogeneous deformation during uniaxial tension where the grain boundaries take
a much larger plastic strain than that sustained by grain interiors.
Figure 2.16(c) shows nt-Cu foils synthesized by magnetron sputtering with an
average twin spacing of 5 nm [90]. These Cu foils had tensile strengths of 1.2 GPa,
which is three times higher than nanocrystalline Cu, an average uniform elongation
of 1%–2%, and surfaces with ductile dimple fractures.
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Figure 2.16 Growth twins in different metals. (a) A bright-field TEM image of electro-deposited
equiaxed nt-Cu, [83] (b) Electrodeposited columnar grained Cu with preferentially oriented nanotwinned structures [89], (c) Magnetron sputtering Cu foils deposited with a preferred orientation
of nano-twinned structures [90], (d) Epitaxial nt-Ag films by magnetron sputtering deposition [86],
(e) Cu nanopillar electroplated with densely spaced nano-twinned structures [91], (f) Ultrahigh
density twins in the Au nanowire produced by reducing the HAuCl4 in oleic acid and oleylamine
[92].

Figure 2.16(d) shows epitaxial nano-twinned Ag (nt-Ag) grown on Si by magnetron
sputtering [86]. The nt-Ag films are much harder than the bulk Ag because the high
densities of the growth twins resist the transmission of single dislocations. Figure
2.16(e) shows Cu nanopillar electroplated with densely spaced nano-twinned
structures [91]. A brittle-to-ductile transition in the nt-Cu nanopillar occurred as the
twin boundary spacing decreased below a critical value (∼3–4 nm). Figure 2.16(f)
shows the Au nanowires containing angstrom-scaled twins synthesized by the
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reduction of HAuCl4 in oleic acid and oleylamine [92]. Au nanowires containing
0.7 nm thick twins had tensile strengths up to 3.12 GPa, which is near the ideal limit.
In addition to the bottom-up synthesis methods, nano-twinned structures can also be
synthesized by the strain rate of top-down severe plastic deformation (SPD)
techniques [93].
2.3.2 Mechanical properties of nano-twinned metals
Lu et al. found an unusual combination of ultra-high strength and ductility in
equiaxed nt-Cu [87]. Their results indicated that twin spacing is an important factor
that affects the mechanical properties of nt-Cu. As the twin spacing decreased the
strength of the nt-Cu increased and reached a maximum value at around 15 nm.
However, the strength decreased as twin spacing was further reduced. Figure 2.17
shows the elongation to failure as a function of twin thickness (λ) and grain size (d).
An obvious increase of tensile elongation to failure was obtained with the decrease
of twin spacing, while the ductility decreased as the grain size decreased.
Lu et al. also investigated the work hardening behaviour of nt-Cu [94]. They
calculated different coefficients from the uniform straining stages to study the effect
of twin thickness on work hardening. As Figure 2.17(b) shows, the work hardening
coefficient n for twin free Cu was about 0.26, which is smaller than coarse-grained
Cu. As the grain size decreases the value of n in ultrafine-grained and nanocrystalline
Cu decreases continuously until it becomes almost undetectable, especially when the
grains become tens of nanometres in size. It was found that introducing nanoscale
twins had a slight influence on n, so when the twin spacing decreased from 90 nm
to 20 nm, n increased from 0.22 to 0.30. However, as the twin thickness decreased
to less than 15 nm, n increased sharply until it finally reached a maximum value of
0.66 with a twin thickness of 4 nm. This refinement in twin spacing resulted in a
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monotonic increase in the rate of strain hardening. This was opposite to the general
observation whereby a decreasing grain size would reduce the work hardening rate.

Figure 2.17 (a) Elongation to failure as a function of twin thickness (λ) and grain size (d) [87], (b)
Effect of twin thickness λ on the work hardening coefficient n of the equiaxed nt-Cu,
nanocrystalline Cu and coarse-grained Cu [94], (c) Effect of twin lamellar thickness λ on rate
sensitivity for nt-Cu [95],. (d) S–N curves for nano-twinned, ultrafine-grained and coarse-grained
Cu [96].

Previous studies indicated that the mechanical response of nano-twinned metals was
very sensitive to the strain rate under different loading conditions. For example, Lu
et al. investigated the twin spacing dependence of the strain rate sensitivity in nt-Cu
[95]. As Figure 2.17(c) shows, the strain rate sensitivity increased as the grain size
decreased, but there was an obvious increase as the grain size decreased to below
100 nm. When the twin spacing was in the nanoscale regime, the strain rate
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sensitivity was much higher than coarse-grained Cu. This increase in the sensitivity
of the strain rate with a decreasing twin thickness showed that TB dislocation
activities played an important role in the deformation of nt-Cu.
To investigate the fracture and fatigue of nano-twinned metals, Qin et al. prepared
bulk Cu with embedded nanoscale twin bundles by dynamic plastic deformation [97,
98]. They found that the tensile strength and fracture toughness of the bulk Cu
sample increased simultaneously with the increasing of the volume fraction of
nanotwin bundles. The nano-twinned structures were able to arrest the propagation
of cracks during fracture. The nanotwin bundles induced coarse and deep dimples in
the fracture surfaces, which improved the fracture toughness. Shute et al. studied
fatigue in nt-Cu [96]. The S-N curves (Stress range vs. log N of cycles-to-failure)
for different samples of Cu are shown in Figure 2.17(d). It was found that the fatigue
life of nano-twinned and ultrafine-grained Cu had improved significantly compared
to their coarse-grained counterparts. Although some original nano-twinned
structures were destroyed during the fatigue test, most of the twins still remained in
the sample. Pan et al. carried out fatigue tests on nt-Cu prepared by direct current
electrodeposition [99] and found that nt-Cu had a better low cycle fatigue life and a
higher endurance limit. The activation of a single primary slip system inside
nanoscale twin lamellar channels dominated the steady state of nano-twinned
samples.
2.3.3 MD studies on the deformation of nanotwinned metals
Nano-twinned structures in metals have been used as desirable planar defects to
improve their mechanical and physical properties, however, it is still challenging to
observe the evolution of the microstructure and the dynamic behaviour of
deformation in real experiments. It would therefore be a good choice to use MD
simulations to investigate the deformation mechanisms of nano-twinned materials.
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Li et al. [84] reported a dislocation-nucleation-controlled mechanism in nt-Cu after
finding the critical twin spacing needed to achieve the maximum strength of nt-Cu.
The dislocation nucleation can govern the softening phenomenon when the twin
thickness fell below a critical value, after which a transition in the deformation
mechanism occurred. Above this critical spacing, a dislocation pile-up and cutting
through the twin planes strengthened the materials as they followed the classical
Hall–Petch relationship shown in Figure 2.18(a). While below the critical twin
thickness, the migration of TB resulting from the nucleation and motion of partial
dislocations parallel to the twin planes softened the materials, as shown in Figure
2.18(b). Moreover, since the maximum strength also depends on the grain size, the
smaller the grains the smaller the critical twin boundary spacing and the higher the
maximum strength of the material (Figure 2.18(c)).
Anisotropic plastic deformation in columnar grained Cu was also studied by MD
simulations [100]. The dominant deformation mechanism can be effectively
switched between three dislocation modes, (1) a dislocation glide in between the
twins, (2) a dislocation transfer across twin boundaries, and (3) a dislocation
mediated boundary migration. When the loading direction was perpendicular to the
TBs, hard mode I dominated the plastic deformation, as shown in Figure 2.18(d).
The dislocations nucleated from the columnar boundaries then propagated onto slip
planes inclined with the growth twins until they were blocked by TBs, but as the
strain increased these dislocations cut through the TB. In this instance, the TBs were
strong barriers to dislocation motion and the interactions between dislocations, and
they also dominated the deformation mechanism. When the compression was
parallel to the TBs the dislocation motions on inclined slip planes confined by
neighbouring TBs became the dominant deformation mechanism, as shown in
Figure 2.18(e). With 45°of compression, the soft mode dominated the deformation
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when the maximum shear stress was parallel to the twin plane. Shockley partial
dislocations nucleated predominantly from the intersections between TBs and GBs
and glided on the twin planes, as shown in Figure 2.18(f).
Wu et al. [101] observed two dislocation and twin interaction mechanisms to explain
the very high strength and ductility of nt-Cu by tracing the evolution of dislocation.
First, the interaction of a 60°dislocation with a TB resulted in the formation of a
Lomer dislocation which later dissociated into Shockley, stair-rod, and Frank partial
dislocations. Second, the interaction of a 30°Shockley partial dislocation with a TB
induced three new Shockley partials during twin-mediated slip transfer. The high
density of Shockley partial dislocations contributed to the very high ductility, while
the sessile stair-rod and Frank partial dislocations resulted in a very high strength.

Figure 2.18 (a) The nt-Cu with grain size = 20 nm at 10% strain with boundary spacing = 1.25 nm
and (b) boundary spacing = 6.25 nm, (c) Simulated stress-strain curves for nt-Cu with different
values of twin-boundary spacing for two grain sizes 10 nm (left) and 20 nm (right) [84]. Strained
atomic configurations of the simulated sample under different loading modes, (d) 90° compression,
(e) 0° compression, and (f) 45° compression [100].
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Pei et al. [102] used MD simulations to investigate the fracture behaviour of an ntCu specimen with a single-edge-notched crack. Three temperature ranges identified
under tensile straining were perpendicular to the twin boundary. At temperatures up
to 1.1 K, the crack propagated in a brittle fashion. Atomic bond-breaking resulted in
a brittle fracture, and from ~2 K to ~30 K there was a dynamic brittle-to-ductile
transition. The fracture propagated in a brittle mode before it changed to a ductile
mode as the imposed strain reached a critical level. It was found that the local interatomic spacing around the crack tip can increase with brittle crack propagation as
the temperature increases or the brittle crack propagates. At 40 K the crack
propagated in a ductile mode, however, the crack can propagate along two adjacent
crystallographic planes due to the thermal activation of atoms at the crack tip. This
resulted in a jogged crack tip front with ledges perpendicular to the crack
propagation plane, followed by the emission of dislocations around the ledges.
Zhao et al. [103, 104] used MD simulations to investigate the mechanical behaviour
of nt-Cu and explain the deformation mechanisms by three distinct dislocation
processes. They found that the dominant deformation mechanism changed
dynamically from slip transfer to twin boundary migration as the twin boundary
orientation changed from horizontal to slant. The mechanism was dominated by sliptwin interactions with a vertical orientation. In addition to a conventional dislocation
slip, deformation twinning was also important in the deformation of nano-twinned
Cu with specific twin orientations. Deformation twins were formed through the
glide of Shockley partials on adjacent 111 slip planes. Two twinning mechanisms
were identified based on the arrangement of the Shockley partials. The first
mechanism was related to the successive motion of double Shockley partials with
unstable thin twin plates. The second mechanism was explained by the successive
passage of the same twinning dislocations on neighbouring slip planes.
39

2.3.4 Introducing graphene into the nano-twinned metal matrix
As mentioned above, graphene and nano-twinned metals have superior mechanical
and electrical properties, therefore introducing graphene into the nano-twinned metal
matrix is a very promising way to produce a material with superior composite
properties, even though relevant studies have rarely been reported. The first attempt
to prepare graphene/nano-twinned copper (Gr/nt-Cu) composites was made by
Konakov et al. [105] who used electrochemical deposition in 2016. The Gr/nt-Cu
composite synthesized with polyacrylic acid had a more uniform surface, although
there are some pores with typical linear dimensions of 1μm, they are seen as dark
circles in Figure 2.19(a). Pluronic F-127 surfactant can increase the crystallinity of
the composite and lead to the formation of more sharp edges, as shown in Figure
2.19(b). Nano-indentation tests showed that the Gr/nt-Cu composite was very hard
up to 3 GPa [106], much harder than the pure nt-Cu and Cu/graphene composites.

Figure 2.19 SEM pictures for the surface of Gr/nt-Cu composites: (a) Synthesized with polyacrylic
acid, and (b) Synthesized with Pluronic F-127 [105].

Lin et al. [107] used a layered laser sintering process with shock loading to control
the graphene/metal interfacial microstructures. They found that graphene can act as
a shock loading transferor to allow shock wave to pass through and bounce back
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between them. This resulted in high-density dislocations and nano-twinned
structures around the graphene/metal interface. Their MD simulations showed that
the shock interaction with the graphene/metal interface generated a pile-up of
dislocations in front of the graphene and large and intense stresses around the
interface. Wave-shaped wrinkles in graphene were generated after laser shock
loading due to wave propagation. Mechanical testing showed that the
graphene/metal composites treated with a laser shock exhibited very high strength
and compressive residual stress, and had excellent fatigue performance.
In more recent work in 2020, Wei et al. [108] fabricated flexible graphene/nt-Cu
composites by pulse electro-deposition. Figure 2.20 shows the TEM images of pure
Cu and the composite. The grains of the composite obviously increased due to the
incorporation of graphene and the formation of large amounts of nanotwins. The
transparent graphene nanoplates (the areas marked with red dash circles) are parallel
to the boundaries of the nanotwins. The thermal conductivity and elongation to
failure of the composite were 431 ±13 W·m −1 K −1 and 13%, this increased by 97%
and 40% compared to the PED Cu, respectively.

Figure 2.20 TEM images (a) Pure Cu and (b) nt-Cu/graphene composite [108].
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2.4 Knowledge gap analysis
Previous studies indicated that graphene is a very suitable material for reinforcing a
metal matrix. Researchers have successfully incorporated graphene nanoparticles
into different metal matrices by physical and chemical methods. Although these
graphene/metal composites had better mechanical properties than pure metals, there
are still many unanswered questions, for instance:
(1) Most experimental and theoretical studies focused on the graphene-dislocation
interaction in the plastic region. However, few results have been presented about the
elastic region from an atomic level. In fact, to achieve a better mechanical
performance in practical applications, graphene/metal composites are often used
under controlled conditions to avoid severe plastic deformation. This thesis will
discuss the strengthening mechanism of graphene in the elastic region.
(2) Most previous MD simulations only provided global information of atomic
groups. For example, it was found that the Young's modulus of graphene/Cu
composite is much larger than pure Cu. Young's modulus is calculated by fitting the
slope of the linear relationship between the stress and strain of the whole system.
However, it should be noted that even if the Young's modulus of the whole model
increased, adding graphene may affect the load-bearing capacity of the Cu
component. In order to investigate the potential effect of graphene on metal atoms
under external loading, the graphene and metal atoms will be studied separately in
this thesis.
(3) Graphene and nano-twinned metals have superior mechanical properties, which
indicates that the incorporation of graphene into a nano-twinned metal matrix may
be a promising way to achieve a stronger material. However, the experimental
studies carried out to explore this possibility are very rare. As far as the authors are
aware, MD simulations on graphene/nano-twinned metal composites have not
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previously been reported. For the first time, this thesis will investigate the
mechanical properties and deformation of graphene/nano-twinned metal composites.
(4) In most previous studies of graphene/metal composites, graphene is used to
enhance the various properties of the metals, but with reverse thinking, is it possible
to use metal substrates to explore the potential application of graphene? This
possibility will be explored in this thesis.
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CHAPTER 3 Simulation Methodology
Since it is very difficult to capture the microstructural evolution inside a material in
real experiments, MD simulations are a good way to investigate the mechanical
properties and deformation of graphene/metal composites. This Chapter introduces
the fundamental concepts and principles of MD simulations.

3.1 Molecular dynamic simulations
In a system where atoms interact by the prescribed inter-atomic interaction potential,
the basic principle of MD simulations is to determine the trajectories of atoms by
solving Newton’s second law of motion [109]:
𝑚𝑖

𝑑 2 𝑟𝑖 (𝑡)
𝑑𝑡 2

= 𝑓𝑖

(3-1)

where m and r are the mass and position of the atom i. Since fi is a typical non-linear
function of the positions of the atom i and other atoms, it is determined from the
prescribed interaction potentials (see Section 3.2).
All MD simulations in this thesis are carried out using the Large-scale
Atomic/Molecular Massively Parallel Simulator (LAMMPS) [12]. LAMMPS is an
open-source MD package that can simulate the dynamics of interacting atoms.
LAMMPS is written in the C++ programming language and it can run either on
single processors or in parallel. In a parallel computing system, the MD simulation
domain is spatially partitioned across processors by making calls to the message
passing interface (MPI) [110]. LAMMPS can perform tens of thousands of
processors that contain billions of particles with high parallel efficiencies. However,
MD simulation still has some limitations on strain rate and length scale. For example,
the MD models consisting of millions of atoms are relatively smaller compared to
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the samples in experiments. MD simulation is often running in a short time period
(typically 10 ns), which always involves high strain rates (typically >10 7 s -1).
To run the simulation, the initial boundary conditions and the positions and
velocities of all the atoms in the model should be assigned. The boundary conditions
and the position of the atoms can be directly assigned by specific commands in
LAMMPS. Initial velocities are usually determined by:
3𝑁
2

1
𝑘𝑏 𝑇 = ∑𝑖 𝑚𝑖 𝑟̃𝑖̇ ∙ 𝑟̃𝑖̇

(3-2)

2

where 𝑘b is the Boltzmann constant and T is the temperature. According to the Tayler
expansion, a particle coordinate can be calculated by:
𝑟𝑖 (𝑡 + Δt) = 2𝑟𝑖 (𝑡) − 𝑟𝑖 (𝑡 − Δt) +

𝑓𝑖
𝑚𝑖

Δ𝑡 2 + 𝛰(Δ𝑡 4 )

(3-3)

The velocity of the particle is derived by:
𝑣𝑖 (𝑡) =

𝑟𝑖 (𝑡+Δt)−𝑟𝑖 (𝑡−Δt)
2Δt

+ 𝛰(Δ𝑡 2 )

(3-4)

By continuously solving Newton's second law of motion equations in MD
simulations the particle velocities and positions can be tracked for each time step.
Then more properties can be calculated such as the stress, the strain, the Poisson's
ratio, the kinetic energy, the potential energy and so on.

3.2 Potential selection
The validity of MD simulations depends mainly on the accuracy of the inter-atomic
potential. Graphene/metal composites have three different interactions, metal/metal
interaction, carbon/carbon interaction, and metal/carbon interaction.
The embedded-atom method (EAM) potential by Mishin et al [111] was used to
describe the atomic interaction between Cu atoms. This potential has been verified
45

by both experimental data and ab initio calculations. In the embedded-atom method,
the total energy of the system is given by:
1

𝐸𝑡𝑜𝑡 = 2 ∑𝑖𝑗 𝑉(𝑟𝑖𝑗 ) + ∑𝑖 𝐹(𝜌̅𝑖 )

(3-5)

where 𝑉(𝑟𝑖𝑗 ) is the pair potential as a function of distance 𝑟𝑖𝑗 between the atom i and
j. F is the embedding energy as a function of the host electron density 𝜌̅𝑖 induced at
site i by all the other atoms.
The adaptive intermolecular reactive empirical bond order (AIREBO) potential is
used to describe the C-C interaction in the graphene. The AIREBO potential was
developed by Brenner[112] and then further modified by Stuart et al [113]. In the
AIREBO potential, each pair of covalently bonded atoms is interacted by:
𝐸𝑖𝑗𝐴𝐼𝑅𝐸𝐵𝑂 = 𝑉𝑖𝑗𝑅 (𝑟𝑖𝑗 ) + 𝑏𝑖𝑗 𝑉𝑖𝑗𝐴 (𝑟𝑖𝑗 )

(3-6)

where 𝑉𝑖𝑗𝑅 and 𝑉𝑖𝑗𝐴 are the repulsive and attractive pairwise potentials determined by
the carbon atom i and j, which is dependent on the distance 𝑟𝑖𝑗 between them. The
𝑏𝑖𝑗 bond-order term is the hallmark of a Tersoff-type potential. This term includes
how different chemicals could affect the strength of the covalent bonding interaction.
The effects of bond angles, coordination numbers, and conjugations will contribute
to the strength of a particular bonding interaction in the AIREBO potential.
Previous studies indicated that the metal/carbon interaction was at least one order of
magnitude smaller than metal-metal interaction [114]. Therefore, the Lennard-Jones
(LJ) potential is enough to provide a reasonable approximation of the weak
metal/carbon interaction. The LJ potential is given by:
σ 12

ELJ = 4ε [( )
r
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σ 6

−( ) ]
r

(3-7)

where 𝜀 and 𝑟 are the coefficients of the well-depth energy and the equilibrium
distance, respectively. LJ potentials with different coefficients can be used to
describe different types of metal/carbon interactions. More details of potential
selection will be provided in each Chapter.

3.3 Ensembles
An ensemble is a probable distribution of all the possible microstates in a
system[115]. There are three important thermodynamic ensembles in an MD
simulation: a micro-canonical ensemble (NVE), an isothermal ensemble (NVT), and
an isothermal-isostress ensemble (NPT). In an NVE ensemble, the number of the
particles (N), the volume (V), and the energy (E) of the system are conserved, and
there is an exchange of potential and kinetic energy without any temperature or
pressure control. The NVT ensemble is often used to maintain a constant system
temperature where the number of particles and the volume in the system are both
conserved. The temperature in an NVT ensemble can be controlled by the NoseHoover[116], Berendsen[117] and Langevin thermostat[118]. An NPT ensemble is
widely used to control the constant pressure of the system because it needs a
thermostat and a barostat to work in combination. NVE, NVT, and NPT ensembles
are all used in the present work for different purposes.

3.4 Loading methods
To investigate the mechanical properties and deformation of graphene/metal
composites, an external load should be applied to the system by a suitable method.
Four loading methods are widely used to apply strain or stress onto an MD model:
(1) applying a “given displacement” for the specified atoms along a loading direction
at certain time steps, (2) changing the volume of the simulation box with a constant
strain by rescaling the atomic coordinates at certain time steps, (3) giving the
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specified atoms a “constant velocity” (often located at the end of the models) along
a loading direction at certain time steps, (4) setting a constant force component on
each atom along a loading direction. In the present simulations, the surface effects
which may affect Poisson's ratio of composites under uniaxial tension are captured
by the third method in the NVT ensemble, where the non-periodic (shrink-wrapped)
boundary conditions are explained in Chapters 4 and 5. The second method in the
NPT ensemble with periodic boundary conditions is used to avoid size effect in
Chapters 6-8. The third method is used in the NVE ensemble to investigate the shock
response of composites in Chapter 9.

3.5 Local stress
In all the simulations the stress is calculated from the stress tensor expression
as implemented in LAMMPS:
Sij = −

1
V

1

∑α (mα viα vjα + ∑β≠α Fiαβ rjαβ )

(3-8)

2

where i and j denote indices in the Cartesian coordinate system, mα is the mass of
atom α , viα and vjα represent the i and j-component of velocity of atom α
αβ

respectively, Fi

αβ

is the i-component of the force between atom α and β, rj

is the

j-component of the distance between atom α and β. The first term is the kinetic
contribution and the second term is associated with the potential energy due to tensile
deformation in the system.

3.6 Visualisation
Since large amounts of atomic data are generated in MD simulations, effective
visualization is crucial for further analysis. These atomic configurations are
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visualised by the software package Open Visualization Tool (OVITO) [119].
OVITO is a free program that performs a data processing pipeline to display a large
number of atomic information in space. Users can choose different visualisation and
analytical functions to create a sequence of processing steps which are then applied
to the original input data. Each step in this sequence modifies the data produced in
the previous step, and then the final result can be exported to a new data file for
publication quality image output. Figure 3.1 shows an example of the processing
pipeline architecture using OVITO software [119]. After the input file is imported,
some structures have been selected and deleted to better observe the grain boundaries.
A two-dimensional view can also be obtained by setting a slice at an atomic level.

Figure 3.1 A typical processing pipeline used to visualise the grain boundaries of a nanocrystalline
microstructure [119].

3.6.1 Centro-symmetric symmetry
Centro-symmetric symmetry is mainly used to identify local defects such as perfect
lattice, dislocation core, stacking faults, or free surfaces. The centro-symmetry
parameter is computed by:
𝑁/2
P = ∑𝑖=1 |𝑅⃗𝑖 + 𝑅⃗𝑖+𝑁/2 |
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(3-9)

where N is the number of neighbouring atoms. N is set to 12 and 8 for FCC and BCC,
respectively. Ri and Ri+N/2 are vectors from the central atom to a particular pair of its
nearest neighbours.
3.6.2 Common neighbour analysis
A common neighbour analysis (CNA) is used to determine the local crystal structure
around each atom. A CNA is carried out by selecting the common neighbours of a
pair of atoms separated by no more than the distance to the second nearest neighbour,
and introducing a classification scheme for the nearest neighbour bond pathways
between the two atoms[120]. Five CNA patterns can be identified: (1) FCC=1, (2)
HCP=2, (3) BCC=3, (4) Icosahedral=4, (5) Unknown=5. The CNA makes it easy to
identify partial dislocations, stacking faults, and twinning structures, so it is a very
useful tool to investigate the deformation of graphene/metal composites.
3.6.3 Dislocation extraction algorithm
The dislocation extraction algorithm (DXA) code was developed by Alexander
Stukowski [121]. It can automatically track dislocation motion and geometrically
describe the dislocation network in the selected model. The DXA method is carried
out in three steps:
(1) The CNA method is used to identify the local crystal structure around each atom.
(2) A closed and orientable two-dimensional manifold is formed to separate the
crystalline atoms from the disordered atoms.
(3) The Burgers circuit path is marked on the manifold enclosing each dislocation
segment.
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3.7 Summary
This Chapter has briefly described the MD simulation methods and post-processing
methods used in this thesis. A complete MD simulation process includes
constructing the initial models, system relaxation, simulation running, visualisation
and data analysis. More details can be found in the following Chapters.
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CHAPTER 4 Mechanical properties and negative
Poisson’s ratio of nanolayered graphene/Cu
composites
Previous reports indicated that the amount of graphene can affect the mechanical
properties of composites [28, 58, 59], but most studies only focused on graphene
nanoplatelets that are randomly distributed in metal matrices, so the effect of the
volume fraction of single-layer graphene in nanolayered composites has seldom
been studied. Several different MD models were developed in this chapter to
determine how the amount and chirality of graphene affect the mechanical properties
of nanolayered graphene/Cu composites. In this investigation, an interesting
‘negative Poisson’s ratio’ behaviour of composites under uniaxial tension was
observed. The corresponding deformation was attributed to the surface effect and
inhomogeneous distribution of stress. This work has been published in Carbon [122].

4.1 Introduction
Of the different carbonaceous nanomaterials, graphene has extraordinary
mechanical properties with high intrinsic strength (130 GPa) and Young's modulus
(1 TPa) [8], which makes it theoretically suitable as structural reinforcement in
composites. However, the applications of graphene were once limited to the field of
metal matrix composites (MMCs) [123] because the strong Van der Waals forces
between graphene may result in an inhomogeneous dispersion of graphene in the
metal matrix [124, 125]. Another challenge is that preparation methods such as ball
milling and powder metallurgy may destroy the structural integrity of graphene
during severe deformation at high temperatures [126, 127], which is why novel
methods such as electro-deposition [128], friction stir processing [129], molecular
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level mixing [130], and gas tungsten arc [131] have been rapidly developed. These
technologies have shown that fragments of graphene can enhance the mechanical
performance of MMCs. In 2013, Kim et al. used single-layer graphene as a
constituent phase by synthesising the graphene-metal nanolayered composites [132].
The results showed exceptional strengths for both graphene/Cu and graphene/Ni
nanolayered composites. These advances have broadened the potential application
of MMCs and led to graphene-enhanced metal matrix composites becoming a study
hotspot in recent years [133-135].
On the other hand, the theoretical and simulation studies were also used to explain
the strengthening mechanism of graphene in composites. It was found that graphene
improves the resistance to radiation damage [136], ductility [137], and shock
strength [70]. There are significant self-healing and blocking dislocation propagation
effects in graphene/metal composites [138, 139]. However, most of these results
came from analysing the plastic region, only a few studies examined the elastic
region from an atomic level. In order to improve mechanical performance in
practical applications, MMCs are often used under controlled conditions to avoid
severe plastic deformation [140, 141]. For example, Young’s Modulus and ultimate
tensile strength are two crucial mechanical properties for space applications, and
they can only be guaranteed in the region of elastic deformation in most cases [142].
On this basis, the strengthening mechanism of composites in the elastic region
deserves further exploration.
Some recent results of molecular dynamic (MD) simulations showed the Young's
modulus of graphene/Cu (Gra/Cu) composite was much larger than pure copper,
which was obtained by fitting the slope of the linear relationship between the stress
and strain of the whole system [143, 144]. In comparison to pure copper, even if
Young's modulus of the composite had increased, adding graphene may affect the
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load-bearing capacity of the copper component in the Gra/Cu composites. In order
to investigate the potential effect of the graphene layer on copper atoms, the copper
atoms and graphene should be studied separately and the atomic motion of
composites and pure copper should be recorded continuously in the elastic region
for comparison. Moreover, the volume fraction of graphene has proved to be an
important factor affecting the mechanical properties of composites [145-147], but
since most research work focused on graphene nanoplatelets that are randomly
distributed in metal matrices, the impact of the volume fraction of nanolayered
graphene in composites has rarely been studied.
Hence, in this research molecular dynamics and theoretical analysis are used to
investigate the mechanical properties of Gra/Cu composites under uniaxial tension.
The effects of the amount of graphene and the chirality of graphene have already
been studied and the atomic distribution of composites and pure copper has been
collected in the elastic region. It was found that the lattice parameters of copper
atoms in composites experienced an irregular change, unlike pure copper, which
reveals the negative Poisson’s ratio of composites (NPRC) in elastic deformation.
The distribution of stress of pure Cu and composites has been obtained to explain
this mechanism. After separating the copper component into three independent films
in a multi-layer structural model, the constraining effect of graphene on the copper
component was observed and discussed. Our analysis of the strengthening
mechanism in the plastic region focused on the interaction between graphene and
dislocations at their interface. The atomic stress and displacement vectors were
introduced to describe the blocking effect of graphene on dislocations. It is expected
that the microscopic details in this work would provide a valuable guideline for the
design and application of Gra/Cu composites.
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4.2 Methods and models
Ten different sized models were designed to examine how the amount of graphene
affects the enhancement effect. These models are shown in Figure 4.1. The volume
fraction of graphene for five structures is 10.2% (a), 8.3% (b), 6.6% (c), 4.5% (d),
3.4% (e), respectively. Volume selection is based on the fact that too much graphene
leads to smaller and more unstable models and too little leads to relatively poor
reinforcement [148]. Each model has a corresponding block of pure copper as a
comparison in Figure 4.1(f). All the simulation models have almost the same aspect
ratio but different volumes. The sandwiched composite of each size contains an
armchair graphene (AGra) and a zigzag graphene (ZGra) nanoribbon embedded
between two copper matrices in the X-Z plane. The dimensions of the graphene are
close to the sizes of the copper films in composites. A typical stretch simulation is
shown in Figure 4.2. The left boundary is fixed and the right boundary is the
stretching end. There are many studies about graphene growing on Cu (100) and
(111) single crystals thin films [149, 150] being undertaken. According to previous
studies [151], the (100) nanosheets can exhibit a sufficient and distinctive surface
effect, whereas the surface effect of (111) nanosheets is negligible because they do
not have a definite phase transformation under uniaxial tensile loading. Thus, in this
work, the coordinate system is defined in terms of Cu crystallographic orientations
on the Cu (100) plane. The lattice directions of [1 0 0], [0 1 0], and [0 0 1] are along
the X, Y, and Z coordinate axes, respectively. The pure single crystal copper block
and one-layer graphene were stretched under the same conditions for comparison.
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Figure 4.1 Simulation models with different volume fraction of graphene: (a) 10.2%, (b) 8.3%, (c)
6.6%, (d) 4.5%, (e) 3.4%, and (f) Pure copper.

Prior to the MD calculations, all the simulations were relaxed using a conjugate
gradient energy minimisation. All the structures were then relaxed enough to attain
a state of equilibrium before applying uniaxial loading. The system was then
stretched uniformly along the x-axis at a strain loading rate of 0.0005 ps-1 in a
constant volume and temperature (NVT) [152]. Under uniaxial tension, all the
simulations applied non-periodic and shrink-wrapped boundary conditions in all
three directions. One obvious feature of this boundary condition is that it can capture
the surface effects in LAMMPS, this why it is widely used in the tension and
compression simulation of copper nanowires [153-155]. To control fluctuations in
the pressure system during strain loading, a relaxation time of 10 ps was applied
after every stretching step to ensure the simulation system has enough time to relax.
Meanwhile, the temperature is held at 1K to stop it from having any effect.
A common neighbour analysis (CNA) was used to highlight the local crystal
structure around each copper atom [156]. CNA depends on local atomic
classification and can identify the evolution of defective structures during the
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simulation. Some physical properties are extracted from the trajectories in MD
simulations. The displacement vectors of graphene can be characterised by
identifying the current positions and reference configurations of atoms [157], where
the initial reference configurations are obtained at zero strain. To investigate the
interaction between graphene and dislocation at their interface, the atomic stress of
slip planes on graphene can be obtained by the stress tensor of each carbon atom
[158].

Figure 4.2 Schematic illustration of the uniaxial tensile test in LAMMPS.

The atomic volume of all simulations was taken from the initial (relaxed) structure,
and the graphene is 3.4 Å thick [159]. After obtaining the stress of each atom, the
stress of the system can be computed by averaging all the atoms. Then the stressstrain curves of pure copper, single graphene and graphene/Cu composites can be
obtained. Note that since the loading is in the (100) axial direction, the S xx stress
component is required for all the stress-strain curves. The Syy and Szz stress
components were also obtained for the analysis of stress distribution in copper
blocks.
A second-generation reactive empirical bond-order potential was used to describe
the C–C bonding interactions in graphene with a cut-off of 2.0 Å [160, 161]. The
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interaction between copper atoms was described by the embedded-atom method
(EAM) [162]. The Lennard-Jones (LJ) potential (potential depth 0.019996 eV, size
parameter 3.225 Å) was used to describe the interactions between Cu and C [114].
The simulation time step was 1.0 fs. OVITO was used as a visualisation tool to
achieve sophisticated dislocation detection and obtain structural information [163].

4.3 Results and discussion
4.3.1 Mechanical properties under uniaxial tension
It has been acknowledged that the volume fraction and chirality of graphene affect
the performance of graphene [147, 164]. After extensive simulations, the mechanical
properties of Gra/Cu composites under various conditions were obtained. The stressstrain curves for the armchair (AGra/Cu) and zigzag (ZGra/Cu) composites with
five-volume fractions of graphene are shown in Figure 4.3.

Figure 4.3 Stress-strain curves of the (a) AGra/Cu and (b) ZGra/Cu composites with different
volume fractions of graphene.

As Figure 4.3 shows, the trends of all the stress-strain curves show some similarities
since all the curves have a linear portion at the start that represents the elastic region
of the Gra/Cu composites. After reaching the maximum stress of the linear region,
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the stress suddenly decreases, which indicates the yield of the copper component in
composites [165], and then all the curves exhibit a fluctuation region caused by
plastic deformation of the copper atoms due to dislocation slips. The sharp decline
of stress represents the fracture of graphene [166]. In this thesis, the tensile strength
is defined as the ultimate tensile stress at the elastic deformation region in the stressstrain curves, and the yield strain is defined as the threshold value of strain where
the stress abruptly decreases due to the nucleation of dislocations.

Figure 4.4 (a) Stress-strain curves of pure copper of different sizes, (b) Stress-strain curves for
single armchair graphene and zigzag graphene.

The stress-strain curves of pure copper blocks are shown in Figure 4.4 (a). Here the
stress and strain curves of the pure copper blocks are almost the same in linear
portion as the composites, but with minor differences at the yield strain. The average
Young's modulus of pure copper was calculated as 85.21 GPa and the yield strain
was almost 0.1017. These results are consistent with the previous simulation results
[167, 168]. To investigate the effects of volume fraction and chirality of graphene
on the enhancement behaviour the mechanical properties of the composites were
obtained from the simulated stress-strain curves. The Young’s modulus, tensile
strength, fracture strain, and yield strain are shown in Table 4.1 and Table 4.2. The
tables show that the increasing volume fraction of graphene significantly improved
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the Young's modulus of the composites. The 10.2% AGra/Cu composite achieved a
maximum Young's modulus at 157.26 GPa, but when the volume fraction of
graphene increased from 4.5% to 10.2%, Young's modulus for the composites
increased rapidly, suggesting that this range of volume fraction enables the graphene
to improve the mechanical performance more efficiently. When the volume fraction
was 3.4%, the armchair and zigzag graphene only had a limited enhancement on the
Young's modulus of the composites.
The volume fraction of graphene also plays an important role in enhancing the tensile
strength, especially when the volume fraction is more than 10%. As Figure 4.3(a)
and (b) shows, the tensile stresses of 10.2% Gra/Cu composites dropped slightly at
the end of the elastic region, but they can increase continuously to maximum value
until the graphene fractures. This indicates the dominant role of graphene because
its reinforcement effect is more than the decrease of stress caused by the copper
component after entering the plastic region. The 10.2% ZGra/Cu composite achieved
a maximum tensile strength of 11.65 GPa, whereas the tensile stresses for 3.4% and
4.5% Gra/Cu composites decreased dramatically after reaching their peak value in
the elastic region. This trend is almost the same as the pure copper shown in Figure
4.4, which indicates that a lower volume fraction of graphene cannot effectively
resist the decline of the stress due to the plastic deformation of copper atoms.
The chirality of graphene directly affects its mechanical properties. The differences
between Figure 4.3(a) and (b) show that armchair graphene and zigzag graphene
possess unique features of enhancement. AGra/Cu composites have a better
enhancement performance on Young's modulus because Young's modulus of
AGra/Cu composites with five-volume fractions of graphene (see Table 4.1) are all
larger than the ZGra/Cu composites (see Table 4.2). Furthermore, the armchair
graphene in composites for each model always fractures when the strain is about
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0.14, which indicates the volume factor has little effect on the fracture strain of
AGra/Cu composites.
Table 4.1 Mechanical properties of the AGra/Cu composite with different volume fraction of
graphene.
Volume

Young’s

Tensile

Fracture

Yield strain

fraction of

modulus (GPa)

Strength (GPa)

strain

of Cu in

graphene (%)

composites

10.2

157.26

10.86

0.1392

0.0683

8.3

141.63

9.37

0.1389

0.0754

6.6

123.13

9.15

0.1375

0.0793

4.5

113.59

8.62

0.1377

0.0811

3.4

101.65

8.20

0.1313

0.0827

Table 4.2 Mechanical properties of the ZGra/Cu composite with the different volume fraction of
graphene.
Volume

Young’s

Tensile

Fracture

Yield strain

fraction of

modulus (GPa)

Strength (GPa)

strain

of Cu in

graphene (%)

composites

10.2

147.87

11.65

0.1913

0.0716

8.3

137.56

10.09

0.1871

0.0758

6.6

121.42

8.51

0.1755

0.0791

4.5

109.61

8.22

0.1636

0.0818

3.4

96.53

7.95

0.1542

0.0830
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However, Figure 4.3(b) and Table 4.2 shows that the fracture of zigzag graphene in
composites is easily influenced by the volume factor so when the volume fraction of
graphene decreased the fracture strain shifted from 0.1913 to 0.1542. This may be
related to the strong interaction between zigzag graphene and dislocations at high
strain rates. However, unlike armchair graphene, zigzag graphene has a greater effect
on the tensile strength of the Gra/Cu nanocomposites. Armchair and zigzag graphene
show different enhancement performances due mainly to their original mechanical
properties. As Figure 4.4 shows, the Young's modulus of single-layer armchair
graphene can be obtained at 1020 GPa, which is larger than the single-layer zigzag
graphene (860 GPa). However, single-layer zigzag graphene can achieve a higher
tensile strength at 121 GPa and a larger fracture strain at 0.18, whereas the singlelayer armchair graphene is only 102 GPa and 0.14, respectively. These results agree
with previous publications [8, 144]. The excellent load-bearing capacity of graphene
plays a large role in reinforcing Gra/Cu composites.
To compare our MD results with the theoretical predictions, the Voigt model and the
Halpin–Tsai model were used to predict the elastic modulus of Gra/Cu composites.
In the Voigt model, the Young’s modulus can be calculated from the following
equation [78]:
Ec = Eg Vg + Em Vm

(4-1)

where E is Young’s modulus, V is the volume fraction, and the subscripts c, g, and
m represent the composite, graphene and copper matrix, respectively.
The Halpin-Tsai model is also widely used to predict the modulus of unidirectional
or randomly distributed composites reinforced with fibre [79, 80]. Since graphene is
aligned parallel to the surface of the copper film in this work, the modified HalpinTsai equation is given by [169]:
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1+ξηL Vg

Ec = Em [
ηL =

γ−1
γ+ξ

ξ=

1−ηL Vg

W+L
t

]

γ=

(4-2)
Eg
Em

(4-3)

where EC is Young’s modulus of the composites. Eg and Em are Young’s modulus of
the graphene and pure copper. W, L, and t refer to the width, length and thickness of
the graphene, and Vg is the volume fraction of graphene in the composites.
As Figure 4.5 shows, the results predicted by the Voigt model show a much higher
Young’s modulus than the MD simulation results because the main hypothesis of
the Voigt model is that the composite has two separate and piled-up phases with the
same geometries [78]. The lower MD results indicate that the graphene and copper
components should not be regarded as two independent phases. The Cu/graphene
interfacial interaction also plays an important role in tensile properties. For the
Halpin-Tsai model, there was good agreement between the predicted values and
simulation results for the AGra/Cu and ZGra/Cu composites. This indicates that
external tensile loads were successfully transmitted between the graphene filler and
the copper film across the graphene-Cu interface [170].
A better consistency was obtained when the volume fraction of graphene exceeded
8.3%, this showed that the graphene used in this region may maximise its
enhancement on Young’s modulus. However, the level for the MD results was lower
when the volume fraction of graphene was less than 6.6%. The predicted Young’s
modulus of 3.4% ZGra/Cu composite was 109.76 GPa, while only 96.53 GPa was
obtained in the MD simulation. Unlike the Young’s modulus predicted by the
Halpin–Tsai model, the experimental results were low because the structural defects
that are often generated during preparation may weaken the mechanical properties
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of the composites [171, 172], and the random distribution of graphene at various
orientations may disturb the unidirectional load transfer in some materials [126, 128].
But these reasons cannot be used to explain the MD results because perfect structures
for copper and graphene were designed in the MD models. Moreover, after the free
and fixed ends have been defined along the x-axis, the unidirectional graphene in
composites was also established precisely in the MD simulation. In this work, the
different Young’s moduli between the simulation results and theoretical values were
analysed at an atomic level by recording the atomic motion of the entire model in
the elastic region.

Figure 4.5 Young’s modulus of predicted data derived from the Voigt model, the Halpin-Tsai
model and the results of MD simulation: (a) AGra/Cu composites (b) ZGra/Cu composites.

4.3.2 Negative Poisson’s ratio of composites
The simulation results indicated that the yield strain of Gra/Cu composites decreased
as the volume fraction of graphene increased. As Figure 4.3 and Table 4.1 show, the
yield strain of AGra/Cu composites shifted to an earlier strain from 0.0827 to 0.0683
as the amount of graphene increased; there was a similar change in the yield strain
from 0.0830 to 0.0716 for the ZGra/Cu composites. This phenomenon indicates that
graphene may force the copper component into plastic deformation earlier. In 2018,
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Weng et al. carried out a uniaxial compression of nanolayered graphene/Cu
composites [139] and found there was an obvious shift of yield strain with various
thicknesses of Cu layers, albeit with no relevant explanation. To handle these issues,
6.6% of AGra/Cu composite and a corresponding pure copper block were used as a
typical comparison group. There was a distinct difference in Young’s modulus
between the theoretical values and simulation results shown in Figure 4.5(a), as well
as a lower yield strain for the 6.6% AGra/Cu composite shown in Figure 4.6.

Figure 4.6 Stress-strain curves of 6.6% AGra/Cu composite and corresponding pure copper.

Four strains were then selected to capture the structural information. As shown in
Figure 4.6, point A (ɛ=0), point B (ɛ=0.0513), point C (ɛ=0.0793) and point D
(ɛ=0.0987) were chosen for pure copper, and points E, F, G and H with the same
strains were chosen for 6.6% AGra/Cu composite. The atomic distribution of all the
atoms at each strain is shown in Figure 4.7.
It can easily be seen from point A to point D (Figure 4.7) that pure Cu sheet became
thinner and longer after stretching as the copper atoms continuously shrink inward
along the Y-axis in the elastic region. This is consistent with previous research on
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samples of single-crystal copper [173, 174]. However, 6.6% AGra/Cu composite
became longer and thicker under uniaxial tension.

Figure 4.7 The schematic of atomic distribution information at each strain: (a) pure copper block,
and (b) 6.6% AGra/Cu composite.

As shown from point E to point H in Figure 4.7(b), the copper component expanded
outwards, apparently in the X-Y plane, but this expansion was vertical and away
from the graphene along the Y-axis. The largest expansion of composite occurred
when ɛ=0.0793 (point G), whereas pure copper had a medium level of contraction
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at the same strain (point C). There was an extreme contraction of pure copper at
ɛ=0.0987 (Point D), but the composite had already entered the plastic region (Point
H). With the 6.6% AGra/Cu composite, the model was almost symmetric in the Yaxis due to its sandwiched structure. To better understand the movement of copper
atoms under extension loading, the coordinates of copper atoms on the upper side of
graphene (positive direction of Y-axis) were recorded. The same method was used
for the half part of the pure copper block. Y-axis lattice parameters were measured
according to the average coordinates for copper atoms. All the distribution
coordinates and Y-axis lattice parameters are represented in the X-Y plane as shown
in Figure 4.8. Figure 4.8(a) and (b) shows that the change of pure copper is regular.

Figure 4.8 Distribution coordinates and Y-axis lattice parameters in the X-Y plane of (a) point C
(ɛ=0.0793) of pure copper, (b) point D (ɛ=0.0987) of pure copper, (c) point F (ɛ=0.0513) and (d)
point G (ɛ=0.0793) of 6.6% AGra/Cu composite.
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When the entire model was stretched along the X-axis the Y-axis lattice parameter
decreased from 3.520 to 3.506. This contraction was distributed very well because
the Y-axis lattice parameters for different parts are almost equal. However, there
were complex and irregular changes for the 6.6% AGra/Cu composite. The original
lattice parameters of the bottom copper atoms closest to the graphene layer were
almost 3.615. Surprisingly, as Figure 4.8(c) and (d) shows, the Y-axis lattice
parameter of these copper atoms can reach 3.625 (ɛ=0.0513) and can also increase
to 3.673 (ɛ=0.0793). Note that the graphene remained flat in the elastic region under
uniaxial tension and the distance between the graphene and copper increased from
3.301 to 3.423. The movement of the middle copper atoms along the Y-axis shows
an outward expansion with a steady increase in the Y-axis lattice parameter from
3.609 to 3.642. The Y-axis lattice parameter of the copper atoms near the surface
dropped from 3.552 to 3.541, but their distribution became more scattered. These
results reveal the negative Poisson’s ratio of composites (NPRC) under extension
loading.
4.3.3 Surface effect
To determine an underlying mechanism for the NPRC phenomenon, the details of
stress distribution for pure Cu and 6.6% AGra/Cu composite were compared layer
by layer. For pure Cu, the Syy along the [010]- direction and the Szz along the [001]direction were both very high and tensile on the number -14 and 14 layers, as shown
in Figure 4.9(a) and (b). These two layers are free surfaces because free boundary
conditions were used in all three directions. Note that the total stresses in the Y-axis
and Z-axis were zero because tension loading was only applied in the x-axis. The
stresses on the other layers were all at very low levels to compensate for the high
tensile stress on the free surface. This is a unique characteristic of nanosheets and is
ascribable to the so-called surface effect [175].
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The stress field in the pure Cu block shows a homogeneous distribution along the Yaxis and Z-axis in Figure 4.9(b) and (c). The symmetrical and countervailing stress
distribution helps the block of pure Cu to remain stable, and since the model is
subjected to tensile deformation along the x-axis, the Poisson’s ratio of the other
directions at s step is defined by:
𝑦

𝑥𝑦

𝜈𝑠 = −
𝜀𝑠𝑥 =

Δ𝑥
𝑥

𝜖𝑠

𝜖𝑠𝑥
𝑦

𝜀𝑠 =

𝜈𝑠𝑥𝑧 = −
Δ𝑦
𝑦

𝜖𝑠𝑧
𝜖𝑠𝑥

𝜀𝑠𝑧 =

Δ𝑧
𝑧

(4-4)
(4-5)

For pure Cu, the Poisson’s ratio νxy and νxz were 1.52 at ɛ=0.0713, which is consistent
with the previous simulations of single-crystal copper nanowires [176]. This positive
and constant Poisson’s ratio shows that the movement of copper atoms in the block
of pure Cu is a synchronous contraction in two directions.

Figure 4.9 Stress distribution in pure Cu block at ɛ=0.0713, (a) the average stress distribution of
each layer of copper atoms throughout the Y-axis, (b) and (c) the distribution of Syy and Szz for
each copper atom in a selected central slice in the Y-Z plane.
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However, the stress distribution of composites has a completely different pattern
from pure Cu. As Figure 4.10(a) shows, there are two new high-stress peaks on the
number -1 and 1 layers, which are two layers of copper atoms closest to the surface
of the graphene. The similarity of stress distribution in four peaks indicates that the
graphene-Cu interface could be considered as a new free boundary [177]. Thus, the
area of the free surface in the Cu component expanded and much higher tensile
stresses are concentrated on the surface. In this case, the stresses on the other layers
decreased for compensation. When ɛ=0.0713, νxy was -0.51 and νxz was 1.28.

Figure 4.10 Stress distribution in composites at ɛ=0.0713, (a) the average stress distribution of
each layer of Cu atoms parallel to the graphene surface (throughout the Y-axis), (b) and (c) the
distribution of Syy and Szz for each copper atom in a selected central slice in the Y-Z plane, layer
number “0” corresponds to the graphene plane.

The reason for two different Poisson’s ratios of the composites is that the surface
effect exerts more influence on Poisson’s ratio as the copper films become thinner
[151], and since graphene divides copper atoms into two separate films, the thickness
of each copper film in composites is only half the size of a pure Cu block; the result
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is that copper atoms in composites are driven more easily by the surface atoms with
high and tensile stress. The second reason, as shown in Figure 4.10(a), is that some
layers have negative stresses which indicate that part of the copper atoms are in a
compressive state, and since the total sum of the Syy and Szz stress components on
the entire model should be zero, these compressive stresses compensate for the
higher tensile stresses on the surface caused by the graphene-Cu interface.
Simultaneous tensile surface stress and compressive core stress are the conditions
needed to achieve achieving equilibrium in the whole system [178]. Since the
compressive Szz exists, the νxz of composites (1.28) is smaller than pure Cu (1.52)
but this value is still positive because of the relatively uniform distribution of Szz
shown in Figure 4.10(c). The third factor is attributed to the blocking effect of
graphene. Figure 4.10(b) shows that graphene bears the load directly with improved
bending stiffness because it is the middle constituent phase in a nanolayered
structure, and the stresses of copper atoms on both sides of graphene are symmetrical
and countervailing. Therefore, graphene can remain flat in the X-Z plane in the
elastic region, which leaves very little space for nearby copper atoms to release
internal stress.
The detailed distribution of Syy on each layer of composites at ɛ=0.0713 is shown in
Figure 4.11(a). It shows a very high and tensile Syy on layer 1 and compressive Syy
on layer 2. This is caused by the surface effect because graphene is in the position
of layer 0. With the copper atoms inside the composites (layer 3 to layer 9), although
the average Syy of each layer is close to zero in Figure 4.10(a), the distribution of Syy
is obviously different on these layers. As Figure 4.11(a) shows, the distribution of
compressive Syy in composites is concentrated on layer 3 and is scattered on layers
6 and 9. This indicates that composites can release compressive Syy through a radial
path along the Y-axis (away from the graphene-Cu interface). There is also a radial
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stress release path in the central slice in the Y-Z plane shown in Figure 4.10(b). The
inhomogeneous distribution of compressive Syy directly destabilises composites
because the copper atoms expand towards the free surface which leads to a negative
Poisson’s ratio νxy (-0.51). The results for pure copper shown in Figure 4.11(b)
indicate that the compressive Syy is at a very low level but it can be
released evenly throughout the whole block; therefore, pure copper can maintain
stability and show a positive Poisson's ratio.

Figure 4.11 The detailed distribution of Syy in each layer at ɛ=0.0713, (a) graphene/Cu composites,
(b) pure copper.

To investigate the influence of NPRC on the yield strain, the CNA is used to
distinguish the local crystal structure around each atom. Point G and point C shown
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in Figure 4.7 were selected for comparison. The results of CNA are shown in Figure
4.12. Figure 4.12(a) shows that the pure copper atoms (ɛ=0.0793) are distributed
evenly and the green atoms that represent the pure copper block maintain their
perfect face-centred cubic (FCC) structures. However, at this strain, the 6.6%
AGra/Cu composite in Figure 4.12(b) shows that the body-centred cubic (BCC)
structures (blue atoms) are on a large scale in the middle part of FCC structures with
NPRC phenomena. It is distributed in two symmetrical cones on both sides of
graphene, while the tapered pattern in Figure 4.12(b) shows that the extent of
outward expansion is associated with the distance from the graphene. The further
away it is from the graphene layer, the more BCC copper atoms can be seen. These
BCC structures appear at a lower strain than pure copper due mainly to irregular
movement of the copper component as it leads to inhomogeneous lattice parameters
in the elastic region.
Figure 4.12(c) and (d) record the emergence of the initial hexagonal closely packed
(HCP) atoms (red atoms) from different angles. The FCC atoms are invisible to
enable a better observation. The HCP structures first appear in the tapered region of
BCC structures because the initial dislocation begins to nucleate and the copper
component in composites enters the plastic region [179]. However, considered from
the perspective of stacking faults energy (SFE) for the different crystal structures of
copper, the formation of stacking faults from FCC structures is more likely than BCC
structures [180]. This unusual phase transformation from BCC to HCP is due to
lattice distortion [181]. As shown before in Figure 4.10, the compressive stresses are
concentrated near the graphene-Cu interface so the inhomogeneous distribution of
stress in the copper films directly affects the lattice parameters. This leads to the
formation of lattice distortion due to a sudden expansion in the Y-axis and a sudden
contraction in the Z-axis. This lattice distortion has a lasting impact on the tapered
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region of BCC structures and leads to a phase transformation from BCC to HCP.
Moreover, the influence of NPRC is related to the volume fraction of graphene, so a
stronger outward expansion in the X-Y plane appears in Gra/Cu composites with
larger amounts of graphene, which accounts for the shift of the yield strain in
composites.

Figure 4.12 The CNA results for (a) pure copper at ɛ=0.0793, (b) the distribution of BCC structures
in 6.6% AGra/Cu composite at ɛ=0.0793, (c) and (d) initial HCP structures at ɛ=0.0801.

4.3.4 Constraining effect of graphene
The movement of the copper component in composites can be influenced by a small
amount of graphene because the extent of NPRC is closely related to the distance
between the graphene and copper atoms. Figure 4.13 shows the atomic distribution
of 3.4% AGra/Cu composite at the yield strain. Note that the copper atoms further
away from graphene in the Y-Z plane show clear NPRC phenomena at the yield
strain while the copper atoms next to the graphene remain parallel to the surface of
the graphene. This may be because the strong sp2-bonded structure of graphene in
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the X-Z plane can constrain the movement of nearby parallel copper atoms [177].
These results confirm that the NPRC is perpendicular to the surface of the graphene
and therefore the constraining effect of graphene deserves further study.

Figure 4.13 The atomic distribution of 3.4% AGra/Cu composite at yield strain.

Figure 4.14 A layered sandwich structure, (a) and the stress-strain curves of three copper films (b).

A multi-layer structure was designed to investigate its constraining effect on tensile
properties. As Figure 4.14(a) shows, two graphene layers were inserted into three
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copper films to form a layered sandwich composite. The size of the simulation box
is determined based on the structure of 6.6% AGra/Cu composite. The atomic
volume of each copper film was taken from the initial (relaxed) structure. After
obtaining the stress of every copper atom, the stress of each copper film was
computed by averaging all the copper atoms in the film. The stress-strain curves of
the upper, middle and lower copper films can be obtained separately, as shown in
Figure 4.14(b). The results of CNA at three typical strains are shown in Figure 4.15.

Figure 4.15 The CNA results of the layered sandwich structure at (a) ɛ=0, (b) ɛ=0.0601; (c)
ɛ=0.0825; (d) ɛ=0.0831; (e) ɛ=0.0896 and (f) ɛ=0.0926.

Figure 4.14(b) shows that the upper and lower copper films have a lower tensile
strength (4.35 GPa) at ɛ=0.0601 than the middle copper film (4.92GPa). This lowloading level was caused mainly by NPRC in the elastic region, as shown in Figure
4.15(a) and (b). This intensive expansion then converts FCC structures to BCC
structures at ɛ= 0.0825, as shown in Figure 4.15(c), which further weakens Young’s
modulus and the tensile strength. The NPRC of the upper and lower copper films
was similar to the 3.4% and 6.6% AGra/Cu composite. The weakening effect of
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NPRC on Young’s modulus was greater with less graphene because more copper
atoms are forced to expand irregularly with a relatively poor load-bearing capacity.
This was the main reason for the mismatch between the predicted values and
simulation results, as discussed before. The upper and lower copper films in Figure
4.15(d) and (e) show the obvious dislocation propagation from ɛ= 0.0831 to 0.0896,
which indicates that these two films have entered the plastic deformation region.
However, the middle copper film shows no sign of expansion or shrink for the copper
atoms at ɛ=0.0601, as shown in Figure 4.15(b).

Figure 4.16 The distribution of Syy for each copper atom in a selected central slice in the X-Y
plane.

The corresponding stress distribution at ɛ=0.0601 is shown in Figure 4.16, here the
release of Syy was blocked by two layers of graphene and compressive stresses are
distributed near the graphene-Cu interface. The inhomogeneous distribution of Syy
leads to an outward expansion in the upper and lower copper films. However, the
movement of copper atoms with compressive stresses in the middle film has been
constrained by two layers of graphene, so even if the dislocation had propagated
over the surface of the graphene in the upper and lower copper films, the middle
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copper film can still maintain the FCC structures shown in Figure 4.15(d) and (e).
This indicates that the two graphene layers had a strong constraining effect on the
middle copper film. The initial dislocation in the middle copper film began to
propagate at ɛ=0.0926 in Figure 4.15(f), from this strain the dislocation density was
recorded separately in each copper film. The dislocation density is defined as the
total dislocation line length divided by each volume of the copper film [182]. It was
found that the middle copper film had a lower dislocation density than the upper and
lower copper films (Figure 4.17), and therefore the stress-strain curve of the middle
copper film shows a higher stress level in the plastic region, as shown in Figure
4.14(b).

Figure 4.17 The dislocation density of three copper films from ɛ=0.09 to ɛ=0.13.

4.3.5 Blocking effect of graphene
The graphene surface blocks the transmission of stress along the Y-axis and results
in a negative Poisson’s ratio in the elastic region; this blocking effect also helps to
reinforce the plastic region [139]. To investigate the interaction between the
graphene and dislocation in plastic deformation, some atomic snapshots of
dislocation slipping and distribution of atomic stress on graphene were obtained, as
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shown in Figure 4.18. The dislocation extraction algorithm (DXA) is used to identify
their Burgers vectors [183]. As Figure 4.18(a) shows, the DXA analysis indicates
that the Shockley partial dislocation with Burger’s vectors b = (1/6)[1 -1 2] and b =
(1/6)[-1 1 -2] first nucleates from the copper component and then slips on the (-1 1
1) plane. The distribution of atomic stress below shows lower atomic stress at about
0.5 GPa in the middle of the graphene (circular area), which occurs at the early stages
of dislocation propagation. This is mainly caused by NPRC as the outward
expansion increases the distance between graphene and copper atoms and thus
weakens their atomic interaction.

Figure 4.18 The dislocation interacting with the graphene for 6.6% AGra/Cu composite: (a)
ɛ=0.0793 (b) ɛ=0.0812 and (c) ɛ=0.0889, and atoms are coloured according to the value of atomic
stress (along Y-axis).

However, the distribution of atomic stress on graphene surface is changed by the
continuous propagation of dislocation. As deformation proceeds in Figure 4.18(b),
a new Shockley partial dislocation has the Burgers vector b = (1/6)[-1 -1 -2] and b
= (1/6)[1 1 2] and slips along the (1 1 -1) plane. The corresponding atomic stress of
graphene also shows high stress (3.1~4.5 GPa) at an angle of 45°, which indicates
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that the propagation of these two Shockley partial dislocations will directly affect
the nearby carbon atoms[184]. After this, the movement of dislocations becomes the
dominant factor affecting the distribution of stress on the surface of graphene. When
the plastic deformation becomes complex at a higher strain, as shown in Figure
4.18(c), the atomic stress of graphene may be dominated by dislocation pile-ups and
the movement of slip planes.

Figure 4.19 The distribution information and displacement vectors for 6.6% AGra/Cu composite
(a) ɛ=0.0822 (b) ɛ=0.0964 and (c) ɛ=0.1083.

The movement of pile-ups results in relatively concentrated stress which forces the
graphene to swing near its equilibrium position [157]. The displacement vectors are
shown in Figure 4.19 and the colour of graphene represents the amplitude of the
swing. Figure 4.19(a) shows that graphene can keep a flat interface with the copper
matrix when some initial slip planes form at the early stages of the plastic region
(ɛ=0.0822), but when massive dislocations are observed, as shown in Figure 4.19(b)
and Figure 4.19(c), graphene swings slightly along the Y-axis. The displacement
vectors were determined to be from -1.3 Å to 1.3 Å, which is a small value compared
to the thickness of graphene (3.4 Å) [159]. These results indicate that graphene
possesses very good resistance to dislocation motion, and since the dislocation
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cannot drive graphene to produce a large deformation in out-of-plane, graphene can
be considered as a solid wall that blocks dislocations from penetrating through the
graphene/Cu interface.

4.4 Summary
In this Chapter, the simulated mechanical properties of AGra/Cu and ZGra/Cu
composites with five-volume fractions of graphene have been investigated. The
simulations show that armchair graphene enhances Young's modulus and zigzag
graphene improves tensile strength. Moreover, an increasing volume fraction of
graphene can also improve the mechanical properties of Gra/Cu composites. The
NPRC behaviour was observed under uniaxial tension at an atomic level where it
was found that graphene in composites enhances the surface effect and results in the
inhomogeneous distribution of compressive stresses in copper films. The
constraining effect of graphene was investigated in a layered sandwich structure.
The middle copper film constrained by two layers of graphene had better tensile
properties, but the slight swing of graphene at higher strains indicates that
dislocations have a limited effect on graphene because graphene stops dislocations
from penetrating through freely. The simulations also suggested that even if
graphene could improve the mechanical properties, the NPRC phenomenon should
not be ignored in nanolayered composites. The chirality and amount of graphene
should also be considered in the design and application of Gra/Cu composites.
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CHAPTER 5 Simultaneous negative/positive Poisson’s
ratio and potential applications
This Chapter is a further expansion of the previous study about the negative
Poisson's ratio in graphene/Cu nanolayered composites. This work indicates that a
simultaneous occurrence of positive and negative Poisson's ratio can be achieved in
an asymmetric composite due to the blocking effect of graphene. An alternating
composite consisting of multi-layer graphene and thin Cu films is also proposed to
overcome the scale limitations of auxetic materials. The negative Poisson's ratio of
this alternating composite persists even if the composite is thicker than 100 nm. Two
potential applications are also pointed out: scaffold design and telecommunication
cables. This work has already been published in ACS Applied Nano Materials [185].

5.1 Introduction
Poisson’s ratio is a basic parameter used to describe the elastic behaviour of
materials. Classical elasticity theory sets a range (−1 < ν < 0.5) for Poisson’s ratio in
an isotropic three-dimensional material [186], whereas most engineering materials
have a positive Poisson’s ratio (PPR). The materials with negative Poisson's ratios
(NPR), called “auxetic materials” by Evans [187], have gained more attention
because of their potential wide-ranging applications in various fields such as
aerospace [188], sensors [189], fasteners [190], filters [191], textile fabrics [192] and
biomedicine [193]. Like NPR materials, materials with unique tensile behaviour also
have potential applications. For example, scaffolds with simultaneous NPR and PPR
behaviour can emulate the behaviour of native tissue mechanics [194], and
telecommunication cables with almost zero Poisson's ratio can limit damage from
extreme loads or shocks in the deep ocean [195].
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Since Lakes observed foam structures with NPR in 1987 [196], many natural and
artificial materials have been found or designed to exhibit an NPR phenomenon.
These auxetic materials can be organic [197-199], inorganic [195, 200-202], and
organic-inorganic hybrids [203-205]. More complex structures with NPR can be
fabricated using 3D printing technology [206-208]. These NPR materials have also
been reported in low-dimensional structures. Experimental studies e demonstrated
that some epitaxial oxide films can exhibit NPR in certain conditions [209-211].
Carbon nanotubes with specific geometrical structures and single-layer black
phosphorus also showed remarkable auxetic behaviour [212-214]. As a widely
recognised material of the 21st century, graphene and graphene-based materials with
NPR have aroused a great deal of interest in recent years [215, 216]. The Poisson’s
ratio of pristine graphene can be driven into the negative range at high temperature
(>1700 K) due to thermally induced ripples [217]. Hydrogenated graphene showed
an NPR at -0.04 when the percentage of hydrogenation was about 50% [218].
Graphene aerogels and patterned 3D graphene metamaterials both exhibited a large
NPR and super-elasticity [219, 220]. Other methods can also achieve NPR by the
introduction of vacancy defects or periodic voids [221-223].
However, the practical application of NPR materials is still limited because the
theoretical and simulation studies indicated that the scale of these graphene-based
auxetic materials is mostly at the single-layer level [215-218, 221-223], where it is
very difficult to prepare samples thin enough to show the NPR phenomenon.
Secondly, suspended single-layer graphene showed wrinkling instabilities because
of very low bending rigidity [224, 225]; this means it may buckle at a low strain
under external loading, as predicted by the Euler theory [226, 227]. In this case, the
stability of single-layer graphene must be improved before the material can be used
in practical applications. Thirdly, the introduction of vacancy defects, voids, or
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hydrogen atoms into pristine graphene will inevitably have a detrimental effect on
the mechanical properties of the whole system, resulting in early fracture, low
strength, and poor fatigue resistance [228-230]. Therefore, new design methods
should be developed to overcome these drawbacks.
Note also that some face-centred cubic (FCC) (001) films can also exhibit an NPR
phenomenon [231, 232], while their bulk counterparts have a PPR. The effect of
surface stress is the main reason for its auxetic behaviour, and this leads to a gradual
contraction along the in-plane lateral direction and an expansion along the thickness
direction. However, the surface effect has scale limitations; for example, to achieve
large surface stress in Au (001) films, the surface-to-volume ratio must be large
enough and the films should be less than 12a1 [231] thick, where a1 is the lattice
parameter of Au (4.08 Å). Therefore, designing new auxetic materials that could
overcome these scale limitations would be a significant breakthrough.
Graphene has been introduced into the metal matrix by various methods, with great
improvements in its mechanical, thermal and electrical properties [9, 233-235]. Very
strong Nanolayered Graphene/Cu composites have successfully been synthesized by
the ‘wet transfer’ method [27], with the results showing that graphene can provide
an effective barrier against dislocation motion, even if it is only a single atomic layer
thick. In the wet transfer method, single-layer graphene was first grown by chemical
vapour deposition (CVD) and transferred onto a Cu-deposited substrate via a methyl
methacrylate (PMMA) support layer. The PMMA layer was then removed and the
next thin film layer of Cu was evaporated. By repeating the Cu deposition and
graphene transfer processes, nanolayered graphene/Cu composites can be
synthesized with varying repeat layer spacings [27, 236]. The relative distribution
position of graphene and Cu may also be adjustable by using thin films of Cu with
different thicknesses.
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Inspired by these experimental findings, the study in Chapter 4 used MD simulations
to investigate the strengthening mechanism of graphene in nanolayered graphene/Cu
composites [122]. This resulted in a preliminary observation of the auxetic behaviour
of composites. This Chapter focuses on the NPR phenomenon by comparing pure
Cu (001) films and graphene/Cu composites with different configurations. Two
potential applications are suggested: scaffold design in tissue engineering and the
fabrication of telecommunication cables.

5.2 Simulation methodology
The configurations of a pure Cu block and three types of Graphene/Cu composites
as developed in the MD simulations are shown in Figure 5.1.

Figure 5.1 Schematic illustration of models: (a) pure Cu film, (b) symmetric graphene/Cu
composite, (c) an asymmetric graphene/Cu composite, and (d) a three-layer graphene/Cu
composite.
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According to previous theoretical calculations, the FCC metal (001) nanosheets can
exhibit a sufficient surface effect [231] so the coordinate system in this study was
defined with respect to the Cu (001) plane with crystallographic directions [ 1 0 0 ],
[ 0 1 0 ], and [ 0 0 1 ] along the X, Y and Z axes. These correspond to the loading,
thickness, and in-plane lateral directions respectively. In all models, the X and Z
dimensions were 47a0 and 32a0 respectively, where a0 is the lattice parameter of Cu
(3.61 Å). We varied the thickness for different models. As Figure 5.1(a) shows, the
pure Cu (001) films varied in thickness from 8a0 to 28a0. We confirmed that these
thicknesses are the transition region from positive to negative Poisson's ratio. The
symmetric graphene/Cu composite contains a single-layer graphene nanosheet in the
X-Z plane between two Cu matrices where the thickness ranges from 4a0 to 14a0, as
shown in Figure 5.1(b). The typical asymmetric composite shown in Figure 5.1(c),
indicates that the upper and lower Cu matrix 6a0 and 18a0 thick respectively. The
multilayer graphene/Cu composite shown in Figure 5.1(d) was designed by
introducing two or more layers of graphene into the Cu matrix.
In the simulations, the interaction between Cu atoms is described by the embeddedatom method (EAM) [111], and the interaction between carbon atoms in graphene
is described by a second-generation reactive empirical bond-order potential with a
cut-off of 2.0 Å [113]. A Lennard-Jones potential (potential depth 0.019996 eV, size
parameter 3.225 Å) was used to describe the interaction between carbon atoms and
Cu atoms [69, 72, 114]. For all simulations, non-periodic (shrink-wrapped) boundary
conditions were applied in three directions during uniaxial tension. Since such
boundary conditions can capture the surface effects, they have been widely used to
simulate the behaviour of metal nanowires in tension and compression [153-155].
Prior to the MD simulations, all models were structurally optimised using the
conjugate gradient energy minimisation technique; they were then relaxed to reach
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a state of equilibrium. The left boundary in the X-axis is fixed and the right boundary
is set as the stretching end (Figure 5.2). The system was then stretched uniformly
along the X-axis at 0.0005 ps-1 using the constant volume and temperature (NVT)
ensemble. The time step was set as 1.0 fs. To reduce fluctuations in the system, a
relaxation time of 10 ps was applied to enable the system to fully relax after every
step of stretching. The temperature in all the simulations was 1 K to avoid any
thermal effects. Under uniaxial loading along the X-axis, Poisson’s ratio in the Yaxis is defined by as νxy = -ɛy/ɛx, where ɛx (Δx/x) and ɛy (Δy/y) are the strain along
the X- and Y-axis respectively.

Figure 5.2 MD simulation domain for pure Cu and graphene/Cu composites under uniaxial tensile
loading.

All the simulations were carried out by the Large-scale Atomic/Molecular Massively
Parallel Simulator (LAMMPS) [12]. The Open Visualization Tool (OVITO) was
used to visualise the simulated configurations [119]. The crystal structure is
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highlighted by the common neighbour analysis (CNA) according to the local
crystalline order [237]. The atomic stress was calculated by the stress tensor
expression as implemented in LAMMPS [12]. Since tension loading was in the Xaxis direction and, the stress used to plot the stress-strain curves is the Sxx stress
component. The Syy and Szz stress components were also recorded to analyse the
distribution of stress. The displacement vectors of graphene were used to describe
the bending amplitude, which was obtained by identifying the current positions and
the reference configurations of atoms. The initial reference configurations were
recorded at zero strain.

5.3 Results and discussion
5.3.1 Negative Poisson’s ratio in symmetric graphene/Cu composites
The Poisson’s ratios as a function of strain for pure Cu (001) films and symmetric
graphene/Cu composites with different thicknesses are plotted in Figure 5.3. As
Figure 5.3(a) shows, the Poisson’s ratio νxy of all the pure Cu films shows a positive
value (0.3~0.5) at a strain of 0.01, then it decreased as the strain increased. For pure
Cu films less than 16a0 thick, the Poisson’s ratio νxy can reach a negative value at
certain strains, as shown in previous research [231]. The critical auxetic strain can
be used to identify the threshold where the material starts to exhibit auxetic
behaviour [232]. The critical auxetic strain had the smallest value (0.061) for a
thickness of 8a0 but it increased as the thickness increased. In comparison, pure Cu
films varying from 20a0 to 28a0 thick always exhibited a positive Poisson’s ratio νxy
at all strains. Figure 5.3(b) shows an MD domain of pure Cu film that is 20a0 thick
at a strain of 0.081; here the film shrunk inwards along the Y-axis after being
stretched (νxy = 0.075). This situation was changed by the introduction of singlelayer graphene.
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Figure 5.3 (a) The Poisson’s ratio of pure Cu with different thicknesses along the Y-axis. (b) The
contraction of pure Cu film with a thickness of 20a0 at the strain of 0.081. (c) The Poisson’s ratio
of symmetric graphene/Cu composites with different thicknesses along the Y-axis. (d) The
expansion of the composite with a thickness of 20a0 at the strain of 0.081. (e) Stress-strain curves
of pure Cu. (f) Stress-strain curves of symmetric composites with different thicknesses under
uniaxial tensile loading.

As Figure 5.3(c) shows, there was a negative Poisson’s ratio νxy in all the symmetric
graphene/Cu composites except for the model with a thickness of 28a0. Figure 5.3(d)
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shows that the composite (original thickness = 20a0) became thicker at a strain of
0.081 as it expanded outwards and away from the graphene along the Y-axis. A
comparison of Figure 5.3(a) and Figure 5.3(c) shows that the critical auxetic strains
of composites were smaller than the pure Cu films. For example, the models that
were 12a0 thick had a critical auxetic strain of pure Cu of 0.072, while the value for
the composite was only 0.053. Furthermore, the calculation of Poisson’s ratio νxy
ended at an earlier strain as the thickness decreased and the yield strain shifted in the
composites.
To show this shift clearly, the stress-strain curves for pure Cu and graphene/Cu
composites under uniaxial tension are shown in Figure 5.3(e) and 5.3(f). The tensile
properties of pure Cu films were less affected by dimensional changes, as shown by
the similar trends in the linear portion. Only the thinnest pure Cu film (8a0) had a
smaller yield strain of 0.075, whereas the stress-strain curves of the composites
showed a different pattern. The slope of the curve increased with decreasing
thickness, indicating a larger Young's modulus in a thinner composite. This
phenomenon was caused by more graphene in the composites [122]. There was also
an obvious shift of yield strain as the thickness decreased from 20a0 to 8a0.
5.3.2 Surface effect and phase transformation
To explain the differences between pure Cu and symmetric graphene/Cu composites,
the distributions of the Syy and Szz stress components were calculated at different
layers along the Y-axis. Figure 5.4 shows the models with a thickness of 8a0,
including 17 layers of atoms for pure Cu and 19 layers of atoms for symmetric
graphene/Cu composites. Figure 5.5(a) shows the Syy and Szz of pure Cu with a
thickness of 20a0. Note that both stress components have very high tensile stress at
Layers 1 and 41; these layers are the free surfaces because the free boundary
conditions are used in the MD simulations. Since the uniaxial loading in the X-axis
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was applied only, the total stresses in the Y-axis and Z-axis should be near zero. The
stresses for the layers inside the models are at very low levels to compensate for the
high tensile stress on the free surfaces. This unique characteristic of the nanosheets
is the so-called ‘surface effect’ [175]. For the Cu atoms inside the pure Cu block
(20a0) in Figure 5.5(a), the stress components Syy and Szz show a similar distribution
at 0.3~0.5 GPa, indicating that these Cu atoms are in a slight tensile state.

Figure 5.4 The numbers of layers used to calculate the stress of the models with a thickness of 8a0.
Syy and Szz stress components were obtained by dividing the total pressure of each layer by the
corresponding atomic volume. The atoms in the fixed end and stretching end are not included in
this calculation because they cannot move freely.

However, the distribution of stress showed a distinctly different pattern after the
introduction of graphene. As Figure 5.5(b) shows, the two new tensile peaks for Syy
and Szz which appeared at Layers 21 and 23are the two layers of Cu atoms adjacent
to the graphene surface (layer 22). This observation reveals that the graphene/Cu
interface can be considered as a new free boundary. The concentration of stress on
the graphene/Cu interface and the outer free surface implies that the stresses at the
other interior layers decreased to maintain a total zero stress. Figure 5.5(b) shows
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that the Szz inside the composite was almost constant at -0.36 GPa. A previous study
revealed that the compressive stress could induce an NPR in the thickness direction
because it results in smooth branching of the lateral lattice parameters [231].

Figure 5.5 Average distribution of stress for Cu atoms in each layer throughout its thickness: (a)
and (b) Pure Cu and a symmetric composite with a thickness of 20a0 at a strain of 0.079. (c) Pure
Cu with a thickness of 8a0 at a strain of 0.075, (d) A symmetric composite with a thickness of 8a0
at a strain of 0.060.

Figure 5.5 shows that Szz is tensile at the interior layers for pure Cu, but it becomes
compressive at the interior layers for the graphene/Cu composite. This implies that
the introduction of graphene leads to a transition from tensile Szz to compressive Szz,
which explains why the composite shows an NPR, unlike pure Cu that shows a PPR.
Furthermore, when the thickness decreased to 8a0, a compressive Szz (-0.45 GPa)
also developed inside the pure Cu film, as shown in Figure 5.5(c), with NPR
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behaviour in the thickness direction. There was more compressive stress (-1.25 GPa)
in the composite shown in Figure 5.5(d) which resulted in a more pronounced
auxetic behaviour than pure Cu. The Syy for the layers inside the composite
(thickness = 20a0) is almost zero in Figure 5.5(b), while this value for pure Cu
(thickness = 20a0) is about 0.3 GPa in Figure 5.5(a). This is because the Cu atoms in
the composites can relieve the internal Syy by expanding towards the free surface.
Here Syy was released through a radial path in the thickness direction, as also seen in
Chapter 4. Simultaneously, the copper atoms shrink inwards in the in-plane lateral
direction due to compressive Szz. The resulting lattice distortion brings about a phase
transformation [178].
Two representative slices of the graphene/Cu composite with a thickness of 8a0 were
used to represent phase transformation. Each slice contains one layer of copper
atoms located near the centre of the model. Before the tensile loading was applied (ɛ
= 0) in Figure 5.6(a), most Cu atoms maintained perfect FCC structures in both
slices, while some copper atoms located at the free boundaries were identified as
‘Other’. Under compressive loading, BCC structures were observed primarily in the
central region of the two slices at a strain of 0.047, as shown in Figure 5.6(b); this
corresponds to its critical auxetic strain. After this, Poisson's ratio decreased to a
negative value and continued to decrease. Phase transformation was caused by lattice
distortion due to a contraction in the Z-axis and an expansion in the Y-axis, as shown
by the arrows in Figure 5.6(b).
Furthermore, some copper atoms around these BCC atoms were also identified as
‘Other’. The existence of ‘Other’-type atoms can be regarded as a transitional state
because their original FCC structures are destroyed by lattice distortion, while a new
local crystalline order (BCC or HCP) has not yet been generated. More BCC atoms
can be seen at a strain of 0.060 in Figure 5.6(c). The BCC structures were first
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generated in the central region of the model and then spread because the copper
atoms in the central region have the strongest contraction in the Z-axis and the largest
expansion in the Y-axis simultaneously. Lattice distortion has a lasting impact and
it leads to the nucleation of initial dislocation.

Figure 5.6 The process of phase transformation in two representative slices of the graphene/Cu
composite with thickness of 8a0: (a) ɛ = 0, (b) ɛ = 0.047, (c) ɛ = 0.060, and (d) ɛ = 0.062.

Figure 5.6(d) shows the emergence of HCP lattices at a strain of 0.062, indicating
that the Cu component in composites was entering the plastic deformation region. In
contrast, the phase transformation from FCC to BCC for the pure Cu film (thickness
= 8a0) started at a strain of 0.071, the initial HCP structures commenced at a strain
of 0.075. Both strains are much higher than those in the graphene/Cu composite. An
earlier phase transformation would occur in the models after the introduction of
graphene, which accounts for the shift of critical auxetic strains and yield strains in
graphene/Cu composites.
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5.3.3 Simultaneous positive and negative Poisson's ratio
In symmetric graphene/Cu composites, graphene is sandwiched between two
separate Cu films with the same thickness, that show synchronous expansion and
contraction. Figure 5.3(c) shows that this composite does not have an NPR when the
two Cu films 28a0 thick and its Poisson’s ratio is almost zero at the yield point. This
indicates that 14a0 is the threshold thickness for each side of the Cu film that
corresponds to the transition from a positive Poisson's ratio to a negative Poisson's
ratio in composites.
Based on these results, an asymmetric graphene/Cu composite was designed, as
shown in Figure 5.1(c), where the upper and lower Cu films are 6a0 and 18a0 thick
respectively. Two Cu films have different tensile behaviours and their Poisson's
ratios are calculated independently. As Figure 5.7(a) shows, the upper Cu film
expanded outwards with an apparent NPR (νxy = -0.33) at a strain of 0.065, while the
lower Cu film shrank inwards with a PPR (νxy = 0.11). While BCC patterns have
been generated on a large scale in the middle part of the upper Cu film, the lower Cu
film maintained the perfect FCC structures seen in Figure 5.7(b).
This phenomenon is due to the asymmetric distribution of stress shown in Figure
5.7(c) and (d). For the Cu atoms inside the upper film, their Syy are almost zero and
their Szz is in a compressive state (-0.67 GPa) which results in an expansion in the
Y-axis discussed earlier. However, both tensile stresses Syy and Szz can be seen in
the lower film, which indicates a simultaneous contraction in the Y-axis and Z-axis.
These results reveal the excellent blocking effect of graphene on the synergistic
movement of the two Cu films, albeit at a single-layer level; this is consistent with
previous publications [72, 238].
On this basis, a simultaneous occurrence of positive and negative Poisson's ratio can
be achieved in asymmetric graphene/Cu composites by adjusting the thickness of
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the Cu films on both sides of the graphene. This unique property may have potential
applications in scaffold design for tissue engineering. For example, while the
injection of new heart cells can repair damaged heart tissue, it can cause the
implanted cells to die prematurely due to the mechanical biaxial squeezing action of
the contracting myocardium [239], but a heart scaffold with hybrid negative/positive
Poisson's ratio may provide sufficient support and protection for the implanted cells.
Furthermore, to match the properties of the specific tissue being regenerated, the
scaffolds must be able to precisely tune the magnitude and polarity of Poisson’s ratio
in tissue engineering [194]. Scaffolds with simultaneous positive and negative
Poisson's ratio may better mimic the elastic behaviour of native tissue [240-242].
However, graphene or Cu may be toxic in the human body. Using coating materials
with better biocompatibility can be considered in the future.
Note here that single-layer graphene experiences a bending deformation when the
difference in thickness of the two Cu films increases. For example, Figure 5.7(e)
shows an asymmetric graphene/Cu composite with a thickness of 6a 0 and 30a0 for
the upper and lower Cu films, respectively. The amplitude of contraction is greater
for the lower Cu film as the thickness increases from 18a0 to 30a0, and Poisson's ratio
for the whole system is 0.051 at a strain of 0.065. This value is still positive because
the extent of contraction in the lower Cu film was greater than the expansion in the
upper Cu film. The apparent bending of graphene is shown in Figure 5.7(e). The
displacement vectors in Figure 5.7(f) shows that the single-layer graphene sheet bent
towards the negative direction of the Y-axis. This bending deformation of graphene
was due to the simultaneous expansion of the upper Cu film and contraction of the
lower Cu film, as the difference between contraction and expansion is too large and
exceeds the blocking effect of graphene.
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Figure 5.7 (a) Different tensile behaviours in an asymmetric graphene/Cu composite at a strain of
0.065. (b) The corresponding CNA results, (c) and (d) The stress distribution Syy and Szz of each
layer throughout its thickness, (e) Schematic illustration of bending deformation of graphene in an
asymmetric graphene/Cu composite at a strain of 0.065, (f) The bending amplitude of graphene
along the Y-axis characterised by displacement vectors.

It was also found that the bending deformation was larger in the middle region (blue
areas) at about 1.2 Å, due to an earlier phase transformation in the middle part of the
upper Cu film (similar to Figure 5.7(b)).
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5.3.4 Overcoming scale limitations
An NPR can be achieved in symmetric and asymmetric graphene/Cu composites
with help from single-layer graphene. However, as discussed before, the symmetric
composite would not show an NPR when the total thickness exceeded 28a0 because
the surface effect weakened. Bending deformation was also detrimental to the NPR
behaviour for the whole system in an asymmetric composite with a large difference
in thickness between the two Cu films.
To overcome the scale limitations, several multilayer graphene/Cu composites were
designed as shown in Figure 5.8. In this method, graphene was inserted near the edge
while leaving a small gap between the graphene and the free boundaries. In the small
model shown in Figure 5.8(a), two-layer graphene sheets were enough to obtain an
NPR (νxy = -0.51). Note that BCC structures were generated in the upper and lower
Cu films and the expansion near the edge resulted in an NPR for the whole system.
The Cu atoms in the middle film can maintain their FCC structures because their
expansion or contraction is constrained by two graphene sheets. For the larger model
shown in Figure 5.8(b), the middle layer of graphene plays an important role in the
NPR because it can reverse the direction in which the other two graphene sheets can
bend.
To prove this, a model with the same size but without a middle layer of graphene is
shown in Figure 5.9. Its displacement vectors indicate that the upper graphene sheet
bends towards the inside of the structure due to the apparent contraction of the
middle Cu film. However, the upper graphene sheet shown in Figure 5.8(b) bends
towards the outside of the structure, as shown in Figure 5.8(e). The presence of a
middle layer of graphene splits the middle Cu atoms into two thinner films so that
the stress of the Cu atoms inside the model is more easily affected by the surface
atoms with high tensile stress. This surface effect is further enhanced because the
98

new graphene/Cu interface is similar to an additional free boundary discussed in
Figure 5.5. Therefore, all Cu films tend to expand outwards in the stretching process,
resulting in the NPR (νxy = -0.35) shown in Figure 5.8(b). This result has a larger
absolute value than the composite without the middle layer of graphene (νxy = -0.28)
shown in Figure 5.9.

Figure 5.8 (a), (b), and (c) The CNA results and negative Poisson's ratio for two-layer, three-layer,
seven-layer graphene/Cu composites at a strain of 0.065, respectively. (d) the stress-strain curves
of multilayer graphene/Cu composites, (e) The bending formation for the graphene in the dotted
box areas of Figure 5.8(b) are characterised by displacement vectors, (f) The Poisson’s ratio of a
multilayer graphene/Cu composite with a total thickness of 100.2 nm. The composite consists of
34 layers of graphene sheets and 35 layers of thin Cu films with a thickness of 6a0.
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Figure 5.9 (a) The CNA results of a comparison model without the middle layer of graphene. (b)
Displacement vectors indicate the upper graphene sheet bends towards the inside of the structure.

Following this methodology, a seven-layer graphene/Cu composite was constructed,
as shown in Figure 5.8(c). More graphene layers significantly improved the
mechanical properties, including Young’s modulus and the tensile strength, as
shown in Figure 5.8(d). More importantly, the inner Cu films expand more with a
stronger surface effect due to a larger number of graphene layers and
correspondingly thinner Cu films (Figure 5.10). Poisson's ratio of a seven-layer
graphene/Cu composite was negative (νxy = -0.14) at the strain of 0.065.
Figure 5.8(f) confirms NPR behaviour even if the total thickness of a multilayer
graphene/Cu composite exceeds 100 nm. In theory, Poisson's ratio νxy should always
be negative regardless of the thickness because the tendency to expand along the
thickness will not disappear. Figure 5.8(a) to (f) shows that the absolute value of
Poisson's ratio decreased as the graphene layers increased in number. This change
occurred because the contribution of expansion gradually reduced for the Y-axis
strain when the total thickness increased. For the 100.2 nm thick composite shown
in the red rectangle in Figure 5.8(f), there was only a slight deformation (νxy: 0.061~0.095) over a wide range of strain (ɛ: 0.022~0.062).
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Figure 5.10 (a) The CNA results of a seven-layer graphene/Cu composite with compressive stress
Szz of internal copper films. (b) Displacement vectors indicate that the graphene selected has a
tendency to bend outwards.

Materials with almost zero Poisson's ratio may have practical applications in sonar,
hydrophones, and telecommunication cables [136]. The dimensions of submerged
telecommunication cables must remain almost unchanged in high-pressure
environments such as the deep ocean [243, 244]. Kim et al. fabricated graphene/Cu
wires for high-performance electrical cables [245]. The incorporation of graphene
into Cu-based cables can enhance the allowable electrical current and mechanical
strength. However, Kim et al. used graphene/Cu wires with a core and shell structure
without considering Poisson's ratio. The results in this Chapter indicate that using an
alternating structure in telecommunication cables may reduce the damage/distortion
due to extreme loads or shocks.

5.4 Summary
In this Chapter, the occurrence of negative Poisson's ratio (NPR) in nanolayered
graphene/Cu composites was investigated using molecular dynamic simulations.
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The existence of graphene in composites can enhance the surface effect and lead to
an earlier phase transformation. These results explain why composites show an
obvious shift in critical auxetic strains and yield strains. By adjusting the thickness
of the Cu films on both sides of the graphene, both positive and negative Poisson's
ratios can be obtained simultaneously. Such materials offer promising prospects for
scaffold design in tissue engineering. Furthermore, multilayer graphene sheets were
used to split a thick Cu film into several thin films to enhance the tendency of the
inner Cu films to expand and overcome scale limitations. When the total thickness
of the film exceeds 100 nm, the tensile behaviour of the alternating structure is
similar to materials with zero Poisson's ratio. This property may help to maintain the
stability of telecommunication cables in the deep ocean.
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CHAPTER 6 Mechanical properties of
graphene/nanotwinned Cu nanocomposites
Nanotwinned Cu and graphene both exhibit desirable mechanical properties. The
incorporation of graphene into a nanotwinned Cu matrix is a promising way to obtain
a composite with better mechanical properties. However, since there are very few
studies on this special topic MD simulations were used in this chapter to investigate
the mechanical properties of graphene/nanotwinned Cu nanocomposites. Under
uniaxial compression, they had an unusual structural rearrangement with secondary
reinforcement. Four different simulations were used to explain this mechanism of
secondary reinforcement. This work has been published in Composites Part B:
Engineering [246].

6.1 Introduction
Graphene reinforced metal nanocomposite has attracted a great deal of attention due
to their promising multiple properties [247, 248]. Graphene has been successfully
introduced into a metal matrix by various physical and chemical methods to improve
its mechanical, thermal and electrical properties [9, 249, 250]. Of these different
metal materials, nano-twinned copper exhibited astonishing similarities with
graphene. For example, graphene showed desirable mechanical properties and high
electrical conductivity [251]. Single-layer graphene exhibited ultrahigh fracture
strength (130 GPa), Young’s modulus (~1100 GPa), and electron mobility (200,000
cm2 V−1 s−1) [252-254]. Nanotwinned copper (nt-Cu) also possessed an unusual
combination of high yield strength and electrical conductivity compared to its
coarse-grained counterparts [83, 255]. Note here that graphene can block dislocation
movement and thus significantly improve the plastic properties of nanocomposites
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[27, 122, 256]. Interestingly, the ultrahigh strength of nt-Cu is attributed to coherent
twin boundaries (TBs), which are also strong barriers for the motion of dislocations
[257, 258].
These similarities indicate that introducing graphene to nt-Cu may yield a stronger
material, albeit research exploring this possibility is extremely rare. An attempt to
synthesize a graphene/nt-Cu nanocomposite by electrochemical deposition was
undertaken in 2016, and while the nanocomposite was very hard [105, 106], there
was a lack of other property measurements and the interaction among the
dislocations, and the TBs and graphene is not clear. Although the enhancement of
graphene has recently been investigated in a single-crystal metal matrix, it only
involved an interaction at the graphene-metal interface [9, 27]. In order to determine
the strengthening mechanism of graphene in graphene/nt-Cu nanocomposites,
further experimental and theoretical studies are required.
Twin spacing is an important factor that affects the mechanical properties of nt-Cu.
By reducing the twin spacing, the strength of nt-Cu increases and reaches a
maximum at around 15 nm [87], but its strength decreases as the twin spacing
decreases due to the highly organised dislocation nucleation and propagation in the
existing twins [259]. On the other hand, graphene shows wrinkling instabilities
because of its very low bending rigidity [225, 260]. Suspended graphene buckles at
an extremely low strain under compression as predicted by Euler theory [226], but
the buckling strain for embedded graphene is much larger because the substrate
matrix constrains the out-of-plane deformation of graphene [261]. Once wrinkles are
formed the interaction between graphene and the copper matrix becomes more
complicated because these wrinkles are the preferred sites for dislocation nucleation
[70]. Furthermore, the mechanical properties of graphene are largely related to its
chirality. Recent studies indicate that graphene in the armchair and zigzag directions
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bring about a different enhancement in nanocomposites [262, 263].
The mechanical characteristics of nt-Cu and graphene are affected by many factors
that lead to the high variability and complexity of nanocomposites. Since
experimental investigations are time-consuming and labour-intensive, it is more
convenient and feasible to design graphene/nt-Cu nanocomposites and predict the
mechanical properties by theoretical simulations. In this Chapter, the chirality of
graphene, graphene layers, and the twin spacing of nt-Cu matrix have been explored
because they can significantly affect the mechanical behaviour of the
nanocomposites.

6.2 Simulation methods
A single-layer graphene/nt-Cu nanocomposite and pure nt-Cu are shown in Figure
6.1(a). The original crystal of the copper matrix is aligned along the [1 -1 -2], [-1 1
-1] and [1 1 0] crystallographic directions in the X, Y, and Z directions respectively.
The twinned crystals were constructed by continuous atomic displacements on
adjacent (111) planes while keeping the matrix unchanged. Repeating these
operations led to the creation of symmetric twin crystals with crystallographic
directions [1 -1 -2], [1 -1 1] and [-1 -1 0] in the X, Y and Z directions respectively.
The twin lamella spacing can be adjusted by controlling the number of displacements.
Figure 6.1(b) shows single-layer graphene in the composites with a twin spacing of
2.69 nm. Graphene was introduced into the X-Z plane created by moving a portion
of the copper atoms along the Y-axis. Figure 6.1(c) shows a nanocomposite
consisting of five-layer graphene sheets. The chirality of graphene was considered
in the design of nanocomposites. One combination is an armchair in the X-axis and
a zigzag in the Z-axis. Another combination is zigzag in the X-axis and armchair in
the Z-axis in Figure 6.1(d). There is almost 3.5% of lattice mismatch between the
Cu and graphene lattice [264]. Therefore, the graphene and matrix for all the models
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should include an integer number of periodic units to minimise the lattice distortion.
The total length of these models in the X and Z direction is around 220 Å and 200 Å
respectively. The dimension in the Y-axis increases from 152 Å to 160 Å as more
layers of graphene are added. The construction of supplementary simulations is
shown in the discussion part.

Figure 6.1 MD models for (a) The single-layer graphene/nt-Cu nanocomposite and pure nt-Cu
block, (b) A nanocomposite with smaller twin spacing (2.69 nm), (c) A nanocomposite containing
five-layer graphene sheets, (d) The chirality of graphene.

The embedded-atom method (EAM) is used to describe the interaction between
copper atoms [111]. The C-C bonding interaction in graphene is described by a
second-generation reactive empirical bond-order potential [113]. A Lennard-Jones
potential with parameters of 0.02578 eV and 3.0825 Å is used to describe the
interaction between C and Cu [70]. All the models were first relaxed using conjugate
gradient energy minimisation, and then relaxed further relaxed in the constant NPT
ensemble [265]. The system was kept at 10 K and the pressures in the X, Y and Z
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directions were set to zero for a duration of 100 ps. The compression along X axis
was subsequently applied to the models at a strain rate of 5 × 10 8 s−1. During
compression, the NPT ensemble and Nose/Hoover barostatting were used to
maintain the pressure at zero in the Y and Z directions. Periodic boundary conditions
were applied in all directions. All the simulations were carried out using the opensource code Large-scale Atomic/Molecular Massively Parallel Simulator
(LAMMPS) [12].
The simulation configurations were visualised by the Open Visualization Tool
(OVITO) [266]. Common neighbour analysis (CNA) was used to highlight the
crystal structure according to the local crystalline order [237]. The dislocation
extraction algorithm (DXA) was used to identify dislocations and determine their
Burgers vectors [267]. Note that since the compressive loading was in the direction
of the X-axis the Sxx stress component was used to plot the stress-strain curves. The
Syy stress component was also recorded to analyse the distribution of stress. Young’s
modulus was calculated by fitting the slope of the relationship between the stress
and strain in the linear deformation region [268].

6.3 Results and discussion
6.3.1 Different compressive behaviours between the single armchair and zigzag
graphene/nt-Cu nanocomposites.
Single-layer graphene in an armchair direction and a zigzag direction were
introduced separately into nt-Cu with a twin spacing of 7.71 nm (marked as
GrNCuT7), as shown in Figure 6.1. Figure 6.2(a) shows the stress-strain curves of
pure nt-Cu and graphene/nt-Cu nanocomposites under uniaxial compression. The
stress-strain curves for armchair GrNCuT7 and pure nt-Cu are similar, almost linear
elastic up to the yield point, and then there was a significant drop. However, the
stress-strain curve of zigzag GrNCuT7 shows a distinctive pattern in which the first
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yield point appears at a lower strain and maximum stress occurs at a large strain,
indicating a secondary reinforcement process.
The deformation mechanism was analysed at a number of representative strains.
Armchair graphene remained relatively flat when the initial dislocations nucleated
in the copper matrix at point A in Figure 6.2(b). These dislocations then spread
throughout the entire model, resulting in a sharp decline in stress from point A to
point B. The primitive wrinkles (ripples) of armchair graphene can be seen clearly
at point B (ε=0.0922).

Figure 6.2 (a) The stress-strain curves under uniaxial compression. (b) The CNA results of
armchair GrNCuT7 at points A (ε=0.0835), B (ε=0.0922), C (ε=0.0963) and D (ε=0.1722).

Previous studies have explained the physical mechanism for the formation of
wrinkles [269], so this Chapter focuses on the evolution of these wrinkles and their
subsequent effects on the copper matrix. Note here that the ripples at point B led to
the nucleation of a small number of dislocations because of local lattice disturbance.
These ripples compressed further to form folds and this transition caused a slight
drop in stress from point B to C in Figure 6.2(b). After point C, the folds grew with
the complex plastic deformation of copper atoms. It is noted that the twin boundaries
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(TBs) of armchair GrNCuT7 are relatively stable in the plastic region, as seen from
point A to D. This phenomenon is similar to the observation in pure nt-Cu at point J
and point K (Figure 6.3). Thus, for armchair GrNCuT7 during compression,
although the generation and evolution of graphene wrinkles can cause some
dislocations to form, armchair graphene has a weak effect on the normal plastic
deformation of the copper matrix in nanocomposites.

Figure 6.3 The CNA results of pure nt-Cu at point J (ɛ=0.0769) and point K (ɛ=0.1159).

However, for zigzag GrNCuT7 in Figure 6.4, the initial ripples of zigzag graphene
occurred at a strain of ε=0.0701 (point E), which is much lower than armchair
graphene (ε=0.0922). The ripples of zigzag graphene led to a lattice disturbance in
the copper matrix where they acted as source sites for dislocation nucleation at point
E in Figure 6.4. It was found that zigzag graphene provides a supporting skeleton
for the structural rearrangement of nt-Cu, elucidated by the four representative stages
(Ⅰ to Ⅳ) shown in Fig. 6.4. The ripples grew and became sharper at stage Ⅰ, which
induced the dislocations to propagate until they reached the TBs. These Shockley
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partial dislocations with the same Burgers vectors b = (1/6) [2 -1 -1] were blocked
by the two neighbouring TBs. Subsequently, as shown in stage Ⅱ, new dislocations
were nucleated and propagated from the sites on the other side of the twins, where
the intersections between dislocation and TB caused a successive loss in the
coherence of the twin. From stage Ⅰ to Ⅱ, the movement of zigzag graphene was
slight and all the TBs were clearly visible. However, these TBs started to collapse at
stage Ⅲ because of the rotation of lattice orientation. From stage Ⅲ to stage Ⅳ,
lattice rotation was based on zigzag graphene as a core structure because the copper
atoms away from graphene rotated first, while the copper atoms near the graphene
remained relatively intact.

Figure 6.4 The CNA results of zigzag GrNCuT7 at points E (ε=0.0701), F (ε=0.0814), G
(ε=0.0980) and H (ε=0.1156). Stages Ⅰ to Ⅳ are captured between point E and point F.

During rotation the angle between the original copper matrix and symmetric twin
crystals gradually decreased, leading to the annihilation of dislocations. But when
the rotation almost stopped (see point F), several blocks of perfect FCC structure
were separated by some newly formed TBs. Starting from point F, the stress of
zigzag GrNCuT7 increased linearly until it reached a maximum of 12.3 GPa. This
suggests that after a structural rearrangement, zigzag GrNCuT7 can restore the
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elasticity with obviously higher resistance to compression. Point G in Figure 6.4 was
captured within the second elastic deformation region, it has a relatively uniform
structure where the morphology of zigzag graphene is similar to a zigzag line.
Copper atoms with a perfect FCC structure were mainly distributed adjacent to the
flat area of graphene, whereas the new TBs and some stacking faults are
perpendicular to the compression direction located at the turning point and smallangle bending of the graphene sheet respectively. Finally, the dislocation nucleated
from the fold region led to a second sharp drop in stress at point H in Figure 6.4. The
strain of point H was 0.1156 and is larger than point A (ε=0.0835), this indicates that
the durability of nanocomposites also improved after the structural rearrangement.
6.3.2 Promotion of structural rearrangement by smaller twin spacing
As described above, the single-layer armchair graphene in GrNCuT7 had a poor
enhancement effect on the plastic deformation region because ripples could easily
form folds under compression. Although the zigzag graphene had a better
compressive performance in nanocomposites, it was difficult to control the
orientation of graphene in the metal matrix experimentally using current methods of
preparation

[9,

31].

Therefore,

our

first priority was

to

improve the strengthening effect of armchair graphene. Since the formation and
evolution of graphene wrinkles can lead to a massive dislocation movement [70],
and since TBs are strong barriers for the motion of dislocation [257, 258], nt-Cu with
a smaller twin spacing was designed to enhance the constraining effect of TBs on
graphene.
Figure 6.5(a) shows the same size armchair models but with different twin spacings:
3.75 nm (GrNCuT3), 2.69 nm (GrNCuT2) and 1.88 nm (GrNCuT1). Figure 6.5(b)
shows that GrNCuT7 and GrNCuT3 had a similar mechanical performance. The
armchair graphene sheets in these two models are prone to produce folds, similar to
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Figure 6.2(c), which results in a low level of stress after reaching the yield point of
copper. However, after a period of decline, the stresses of GrNCuT2 and GrNCuT1
rose again, with the latter exhibiting a greater increase. There were ripples in
graphene in both GrNCuT2 and GrNCuT1 at a strain of 0.0835 so they serve as
preferential sites for the nucleation of initial dislocations shown in Figure 6.6(a) and
Figure 6.6 (b). This subsequent rearrangement involves the propagation of these
dislocations, the rotation of lattice orientation, and the annihilation of dislocations.
This phenomenon differs from what was discussed earlier because the graphene in
the armchair GrNCuT7 in Figure 6.2(c) can retain its relatively flat morphology
when the initial dislocation nucleates from the nt-Cu matrix; this occurred because
when embedded graphene buckles it can easily be affected by the substrate matrix
[270].
For further analysis, εM and εG were defined as the strains where the initial
dislocation nucleated from the nt-Cu matrix of nanocomposites and graphene/Cu
interface, respectively. Pure nt-Cu was also compressed under the same conditions
for the purpose of comparison. The εP represents the yield strain of pure nt-Cu.
Figure 6.5(c) shows that εM and εP decreased as the twin spacing increased, whereas
εM was larger than εP by 0.0005 for each twin spacing. This tendency to shift was
similar to observations made in other studies [84] and it was due to the fact that TBs
acts as effective stress concentrators for dislocation nucleation by directly
influencing the yield behaviour. The difference between εM and εP may be partially
attributed to the fact that graphene bears a compression load directly, which reduces
the yield sensitivity of the nt-Cu matrix for compressive strain.
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Figure 6.5 (a) Schematic illustration for armchair GrNCu with different twin spacing, (b) Stressstrain curves of armchair GrNCu, (c) The εM and εG in armchair GrNCu, and εP in pure nt-Cu.

However, the εG decreases with a smaller twin spacing. The εG of GrNCuT2 was
0.0833, which was slightly less than the εM (0.0837). Figure 6.6(a) shows that at a
strain of 0.0842 parts of the graphene sheet remained flat and there was no
dislocation nucleation at the graphene/copper interface. Two Shockley partial
dislocations were nucleated in the nt-Cu matrix on different slip planes, unlike the
dislocations caused by ripples in graphene (marked by green arrows). Their Burgers
vectors were determined by the dislocation extraction algorithm (DXA) and are
shown in Figure 6.7. At a strain of 0.0851 in Figure 6.6(a), the original TBs parallel
to graphene on the left-hand side of the model did not disappear and the formation
of ripples was hindered in this region, the structural rearrangement was almost
completed in the other regions. Note here that this rearrangement extended to the
entire model at a strain of 0.0863, with a large number of stacking faults. These
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piled-up dislocations inside the structure account for the effect of weak secondary
reinforcement.

Figure 6.6 Representative CNA results for the structural rearrangement in armchair GrNCu with
twin spacings of 2.69 nm (a) and 1.88 nm (b).

For GrNCuT1, no dislocations had nucleated from the nt-Cu matrix and therefore
the corresponding εM in Figure 6.5(c) does not exist. All the initial dislocations were
caused by ripples in the graphene and they propagated far away from it, as shown in
Figure 6.6(b). This structural rearrangement can be achieved thoroughly, leaving a
more stable structure. The final structure shows an excellent secondary
reinforcement effect and its stress increased significantly from 6.93 GPa (at
ε=0.0863) to a maximum of 12.82 GPa (at ε=0.1166), as shown in Figure 6.5(b).
These results indicate that εG < εM is a necessary condition for structural
rearrangement in armchair GrNCu models. Meanwhile, the εG should be small
enough to avoid interference by the dislocations nucleated from the nt-Cu matrix.
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Figure 6.7 The Burgers vectors of Shockley partial dislocations: (a) and (b) caused by ripples of
graphene, (c) nucleated in nt-Cu matrix. The FCC and bcc atoms are invisible for a better
observation.

To investigate the effect of twin spacing on εG, the out-of-plane displacement vectors
of armchair graphene of GrNCuT1 and GrNCuT7 as the buckling-driven evolution
in the wrinkles under compression are compared in Figure 6.86. The armchair
graphene in both models shows similar characteristics at strains of 0.040 and 0.080.
Their displacement vectors along the out-of-plane direction have a well-distributed
pattern, but as the strain increased from 0.0835 to 0.087 in Figure 6.8(a), the
graphene sheet in GrNCuT7 has irregular states of vibration. It is believed that
irregular vibration results in a larger εG because as Figure 6.2(b) shows, the initial
dislocations of GrNCuT7 nucleated from the copper matrix. These dislocation pileups along the graphene surface can force graphene to oscillate near its equilibrium
position, as explained in Chapter 4. The synergistic movement of graphene with
dislocations leads to irregular vibrations which help to release the compressive
loading. Second, it is widely acknowledged that the interfacial bonding of
graphene/Cu is very weak and graphene can easily be decoupled from the copper
substrate [271]. Even if graphene is embedded in the nt-Cu matrix with a twin
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spacing of 7.71 nm, there is still enough space for its relatively free movement before
visible wrinkles begin to form.

Figure 6.8 The displacement vectors of armchair graphene in the nt-Cu matrix with twin spacings
of 7.71 nm (a) and 1.88 nm (b).

This situation can change when the twin spacing is reduced to 1.88 nm. The
corresponding displacement vectors in GrNCuT1 show a direct change in
morphology when the strain changed from 0.080 to 0.0835, as shown in Figure
6.8(b). The banded displacements were caused by the formation of ripples. This
phenomenon suggests there is a stronger constraining effect: (1) The movement of
graphene and nearby copper atoms, under compression along the X-axis, and then
along the Y-axis is limited by the constraint imposed by the adjacent TBs in the ntCu matrix; this means that enough deformation (ripples) would occur to release the
compressive stress, and (2) since the ripples provide nucleation sites, numerous
dislocations are generated on both sides of the graphene sheet. Even if the
propagation of these dislocations leads to the gradual disappearance of TBs, the
dislocation movement caused by the ripples can still be restricted by the nt-Cu matrix
with different orientations, as shown at a strain of 0.0842 in Figure 6.6(b). In this
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case, the resistance of the armchair graphene of GrNCuT1 against the out-of-plane
deformation has improved. The compressive stress was well dispersed through the
entire graphene sheet, which delayed any motion from the ripples to the folds.
Therefore, structural rearrangement can occur in GrNCuT1 with an excellent
secondary reinforcement.

Figure 6.9 (a) The original zigzag GrNCu with different twin spacing and corresponding structure
after \structural rearrangement, (b) The stress-strain curves of zigzag GrNCu with different
twin spacings.

Moreover, the results of zigzag GrNCu with different twin spacings were also
obtained for comparison (see Figure 6.9). All the zigzag models experienced a
structural rearrangement driven first by buckling along the zigzag direction that can
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occur at a small strain, where the initial dislocations had all nucleated from the
graphene/Cu interface. This structural rearrangement can occur without interference
from the dislocation slips in the nt-Cu matrix. Second, the ripples in the zigzag
graphene have enough resistance to form folds that can support the lattice rotation,
but after being rearranged, their new TBs have different patterns of distribution. The
zigzag GrNCu with a smaller twin spacing would show a more uniform structure
after compression, but all the stress-strain curves have almost the same character
with a secondary linear rise. These results indicate that once the structural
rearrangement of zigzag GrNCu occurs the distribution of new TBs has little effect
on the second elastic deformation process.
6.3.3 Perfect structural rearrangement in multilayer graphene/nt-Cu
nanocomposites.
The enhancement of single-layer armchair graphene in the plastic deformation
region can be improved to some extent with smaller twin spacing. Since it is difficult
to further reduce the twin spacing experimentally, more effort is needed to maximise
the potential of graphene. After several attempts, an alternative structure consisting
of multilayer graphene and nt-Cu is proposed in this thesis. As Figure 6.10(a) shows,
three and five layers of graphene were inserted into the nt-Cu matrix and marked as
TGrNCu and FGrNCu respectively. Their stress-strain curves are shown in Figure
6.10(b) and (c) with twin-peak patterns for all the curves. Figure 6.11 shows there
was a perfect structural rearrangement in all the multilayer graphene/nt-Cu
nanocomposites. The ripples of the armchair TGrNCu were favourable for the initial
dislocation nucleation at stage I in Figure 6.11(a). This phenomenon is different from
that shown in Figure 6.2(b), and indicate that multilayer graphene can also constrain
the interaction between graphene and the nt-Cu matrix well enough to result in a
small εG.
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Figure 6.10 (a) MD models for TGrNCu and FGrNCu, (b) The stress-strain curves of armchair
TGrNCu and FGrNCu, (c) The stress-strain curves of zigzag TGrNCu and FGrNCu.

When the original twin boundaries began to collapse (see stage Ⅱ), the graphene
sheets become crumpled with an inhomogeneous distribution of ripples. Afterwards,
the rotation in lattice orientation for copper atoms led to the annihilation of some
dislocations from stage Ⅲ to stage Ⅳ, which also led to significant changes in the
morphology of graphene. Three graphene sheets finally became sawtooth-shaped
rather than form folds. This structural optimisation is critical because it provides an
excellent condition for the formation of new TBs. This is why a series of new TBs
were regularly distributed into the nanocomposite with a few stacking faults (see
stage Ⅳ). The transition from stage I to stage Ⅳ was very rapid from a strain of
0.0752 (point A) to 0.0767 (point B); indeed, it was much faster than the transition
from point E to point F in the single graphene/nt-Cu nanocomposites shown in
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Figure 6.2(a). This indicates that structural optimisation made it easier to achieve
a steady state in multilayer graphene/nt-Cu nanocomposites.

Figure 6.11 (a) The rearrangement process of armchair TGrNCu. Stages Ⅰ to Ⅳ are captured
between point A and point B in Figure 6.10 (b), (b) The CNA results of armchair FGrNCu captured
in the middle and end of rearrangement process, (c) The final structure of zigzag TGrNCu and
FGrNCu after structural rearrangement.

Similar phenomena were observed in armchair FGrNCu, as shown in Figure 6.11(b).
Although five graphene sheets produced irregular wrinkles due to compression at
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the initial stage of plastic deformation, after rapidly optimising the adjustment within
the structure, the armchair FGrNCu formed an extremely uniform grid structure that
consisted of the newly formed TBs and the sawtooth-shaped graphene. These new
TBs were generated at every turning point of the graphene sheet and they were
precisely perpendicular to the direction of compression. The distance between
adjacent new TBs was about 2.4~2.6 nm. The copper atoms on both sides of the new
TBs are symmetrical, and one has crystallographic orientations [-1 1 -1], [1 -1 -2]
and [-1 -1 0] in the X, Y, and Z directions respectively. For zigzag TGrNCu and
FGrNCu, their structural rearrangements are similar to the process observed in
Figure 6.6(b). The graphene shown in Figure 6.11(c) has a wave-shaped morphology
after being structurally optimised, where the newly formed TBs with a high density
are located at the peak of the waves. Note that all the stress-strain curves show
secondary linear increasing trends in Figure 6.10(b) and (c), indicating that
the elasticity is recovering with secondary reinforcement.
Lin et al.[107] recently prepared graphene/metal nanocomposites through a layer by
layer laser deposition; the Transmission electron microscopy (TEM) observations of
their multilayer 2D graphene nanocomposites are shown in Figure 6.12(a). Their
results revealed that under a certain external loading, high-density dislocations and
deformation twins form at graphene/metal interface, as shown in Figure 6.12(b) and
(c). They also found wavy wrinkles with very short wavelengths in the periodic
graphene plane, as shown in Figure 6.12(d) and (e). More importantly, Figure 6.12(f)
shows a strong work hardening in the metal/graphene composite with nanotwinned
structures, similar to the secondary reinforcement observed in this Chapter. However,
there was no work hardening in the composite without nanotwinned structures with
small amounts of strain, therefore, since nanotwinned structures play an important
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role in the mechanical performance of graphene/metal composites, they are worth
further investigation.

Figure 6.12 The microstructure of graphene/metal nanocomposites[107]. (a) Graphene/metal
nanocomposites, (b) and (c) TEM images of nanostructures including graphene, twins and
dislocations, (d) and (e) High-resolution TEM (HRTEM) and inverse fast Fourier transform (IFFT)
show some wavy wrinkles in graphene, (f) The stress-strain relationship during the deformation of
the graphene/metal nanocomposites.

6.3.4 Strengthening mechanism of graphene for primary and secondary
reinforcement
By fitting the slope of the stress-strain curve into two linear regions, the first and
second Young's modulus for those models with different layers of graphene was
obtained separately and is plotted in Figure 6.13(a). These results indicate that the
first Young's modulus increased as the number of graphene layers increased from
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one to five. The zigzag FGrNCu shows a maximum value of 270.12 GPa, while the
second Young's modulus remained almost unchanged for a specific chirality of
around 200 GPa. The average of the second Young's modulus of zigzag
nanocomposites (205.23 GPa) was slightly larger than the armchair nanocomposites
(196.49 GPa).

Figure 6.13 (a) The first and second Young's modulus of GrNCuT1, TGrNCu and FGrNCu. (b)
The stress-strain curve of armchair FGrNCu and some typical strains are marked by the dotted line,
(c) The compressive Sxx of one selected graphene sheet from the armchair FGrNCu located at the
bottom right, (d) The compressive Syy of graphene in armchair FGrNCu, where the nt-Cu matrix
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was removed for better observation.

To

investigate

the

strengthening

mechanism

of

graphene

with

primary and secondary reinforcement, the compressive Sxx and Syy stress
components of the armchair FGrNCu at some typical strains were obtained for
further analysis. Typical strains are marked in Figure 6.13(b). In the first elastic
region, five graphene sheets are parallel to the direction of compression and they
bear the load directly, as shown in Figure 6.13(c). The Sxx (average value) of carbon
atoms was 19.2 GPa at a strain of 0.035, but the copper atoms were only 7.6 GPa.
At a strain of 0.055, the Sxx of carbon atoms almost doubled to 40.5 GPa, while the
Sxx of copper atoms increased slightly to 10.4 GPa. These results indicate that
graphene has an excellent load-bearing capacity in the first elastic region and
therefore more graphene layers will directly enhance the first Young's modulus. At a
strain of 0.075, the Sxx of copper atoms was only 4.1 GPa because the
nanocomposites had just undergone a yield in the copper and an accompanying
structural rearrangement. Meanwhile, five graphene sheets show a sawtooth-shaped
morphology with an almost zero Sxx of the carbon atoms. In fact, in the second elastic
region, the Sxx of graphene was always close to zero, whereas the Sxx of copper atoms
can continue to increase up to the second yield point. Therefore, there is no
correlation between the second Young's modulus and layers of graphene because the
copper atoms accommodated the compressive load applied in this region.
Figure 6.13(d) shows that the Syy of graphene was always zero in the first elastic
region during uniaxial compression, but once the dislocation propagated and the
graphene sheets produced ripples (ε=0.063), the Syy distribution on graphene
becomes complicated. Both local tensile and compressive stresses with a banded
distribution on the graphene sheets were observed. This unique pattern of
distribution can be explained by the interface interaction between copper atoms and
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graphene because the lattice orientation rotates on both sides of the graphene surface.
The dislocation slips force graphene to move along the Y-axis to achieve a structural
equilibrium. As the optimisation process is completed at a strain of 0.075, as shown
in Figure 6.13(d), the morphology of graphene becomes sawtooth-shaped and the
turning areas are under high tensile stress of about 7.6 GPa. As Figure 6.11(b) shows,
the new TBs located at these turning areas can form a grid structure with graphene.
The banded distribution of Syy evidently reveals that graphene sheets support the
formation of new TBs which stabilise the whole system.

Figure 6.14 The compressive Sxx and Syy of zigzag FGrNCu. The average Sxx of carbon atoms is
35.1 GPa and 61.4 GPa at a strain of 0.035 and 0.055, respectively.
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The stress distribution of zigzag FGrNCu is shown in Figure 6.14 for the purpose of
comparison. Zigzag graphene can bear a higher compressive Sxx than armchair
graphene at the same strain deformation, which explains why the zigzag models had
a larger Young's modulus in the first elastic region. The concentrated tensile stress
(Syy) is located at the peak of the wave-shaped graphene after the structural
rearrangement. With the support of zigzag graphene, new TBs are generated and
exhibit a tighter distribution than the armchair FGrNCu. This tight structure has a
better load-bearing capacity under compression because the second Young's
modulus of zigzag models was slightly higher than the armchair models.
The incorporation of multilayer graphene into a single-crystal metal matrix has been
widely reported and the nanocomposites show a satisfactory primary reinforcement
[33, 272]. Note that their mechanical properties will deteriorate as the metal
components deteriorate as wrinkles are formed in the graphene. However, the study
in this Chapter provides a possible way of reconciling the incompatibility between
the Cu matrix and graphene. Multilayer graphene can form a periodic and stable
skeleton structure accompanied by the lattice rotation in the nt-Cu matrix. Thus, the
nanocomposites show better durability because they restore their elasticity with a
secondary reinforcement.
6.3.5 Mechanism of structural rearrangement
More simulations were designed to describe the mechanism of structural
rearrangement. Tension and compression are the two basic mechanical tests needed
to verify the characteristics of deformation under external loading [273]. An
armchair TGrNCu was used as a typical model to reveal its tensile behaviour and
uniaxial tension along the X-axis at a strain load of 0.0005 ps-1. As Figure 6.15(a)
shows, the linear portion at the beginning represents the elastic region of the
nanocomposites, so after they reach maximum stress the first drop in the stress
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occurs as the copper yields. The tensile stress then rises again from a strain of 0.1095
to 0.1238; this suggests the graphene has an excellent load-bearing capacity and this
region is still within its elastic range [164]. The sharp drop in stress represents the
fracture of graphene [166], and there is no structural rearrangement in the tension
process. Three graphene sheets can always maintain a flat interface with the copper
matrix, as shown in Figure 6.15(a).

Figure 6.15 (a) The uniaxial tension of armchair TGrNCu, and (b) The uniaxial compression of
graphene/single-crystal copper nanocomposites (GSCu).
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The graphene sheets would produce wrinkles and then become sawtooth-shaped in
the compression process of armchair TGrNCu. The morphology of graphene
changes simultaneously with the movement of copper atoms, including lattice
rotation and annihilation in the nt-Cu matrix that finally results in a structural
rearrangement. The difference in the performance of graphene between tension and
compression may be related to the unique two-dimensional (2D) lattice structure of
graphene with changeable bending stiffness [274].
Another model was designed to examine the role of the nt-Cu matrix in the structural
rearrangement based on an armchair TGrNCu where the nt-Cu is replaced by singlecrystal

Cu.

The

stress-strain

curve

of

graphene/single-crystal

copper

nanocomposites (GSCu) is shown in Figure 6.15(b). Its deformation in the elastic
region is almost the same as armchair TGrNCu but is obviously different after the
copper yields. The stress of armchair TGrNCu shows an increasing linear trend with
a maximum value of 12.67 GPa at a strain of 0.1170, as shown in Figure 6.10(b).
However, the stress for GSCu in Figure 6.15(b) fluctuated and the second stress peak
was only 8.04 GPa at a strain of 0.104. This weak secondary reinforcement can be
attributed to an unstable structure in the GSCu. The insets at a strain of 0.0850 shown
in Figure 6.15(b) show that some tilted TBs have formed inside the nanocomposite,
and the graphene has become wave-shaped with a certain horizontal inclination. It
was found that the residual dislocations continued to propagate inside the GSCu,
causing the stress to fluctuate. The inset at a strain of 0.1365 shows that the graphene
skeleton has been destroyed by further plastic deformation. These results reveal the
importance of nanotwinned Cu in the structural rearrangement because it provides a
symmetrical lattice structure for the possibility of dislocation annihilation. After the
annihilation process, the new TBs can be perpendicular to the compression direction,
as shown in Figure 6.11, and they also improve the stability of the whole system.
128

A suitable direction for compression is another important condition for structural
rearrangement with effective secondary reinforcement. Considering the 2D lattice
structure of graphene in the X-Z plane, compression tests of the armchair and zigzag
FGrNCu along the Z-axis ([1 1 0]) were carried out, with the results being shown in
Figure 6.16(a).

Figure 6.16 (a) The uniaxial compression of the armchair and zigzag FGrNCu along the Z-axis
([1 1 0]). (b) Compression test for the nanocomposite in which the original TBs are perpendicular
to the three-layer graphene.
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The single peak in the stress-strain curves indicates there was no secondary
reinforcement effect in both models. Although the graphene sheets produced
uniform wrinkles, a large number of stacking faults rather than new TBs were
nucleated during plastic deformation, as shown in the inset of Figure 6.16(a). Their
Burgers vectors are (1/6) [-1 -2 -1], unlike the Burgers vectors of (1/6) [2 -1 -1]
shown in Figure 6.4. The movement of these stacking faults leads directly to a very
low level of stress. In other published works, nt-Cu shows plastic anisotropy and
different deformation mechanisms compared to bulk copper [100, 103], this situation
became more complicated after graphene was added. The results in this Chapter
indicate that a suitable compression direction ([1 1 2]) helps to achieve structural
rearrangement, as the lattice orientation can rotate when a compression loading is
applied in this direction. Such a rearrangement process annihilates the dislocations
and restores elasticity to the system.
Moreover, in the design of the initial structure before compression, all the graphene
sheets are parallel to the TBs. The advantages of this design were further investigated
by introducing vertical TBs as a comparison. To obtain this structure the original ntCu matrix was rotated along its Z-axis in a clockwise direction at 90°. As Figure
6.16(b) shows, three armchair graphene sheets have the same spacing with TGrNCu,
but all the original TBs are perpendicular to the graphene plane. Note that most TBs
still exist and remained relatively stable under compression at a strain of 0.1250 (see
inset in Figure 6.16(b)), but when the graphene folds were formed the nearby Cu
lattices distorted. This phenomenon can be explained by the absence of a synergistic
movement between the graphene and copper atoms. As discussed before, the
structural rearrangement began with the disappearance of TBs and was then followed
by the rotation of lattice orientation. Additionally, from the analysis of Syy in Figure
6.13 (d), the movement of copper atoms promoted the structural optimisation of
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graphene. The result was the generation of sawtooth-shaped graphene sheets to
construct grid structures with new TBs in armchair TGrNCu and FGrNCu. By
contrast, once the lattice motion in the nt-Cu matrix is limited the graphene sheets
are more prone to produce folds without any supporting effect, this accounts for the
lack of secondary reinforcement.

6.4 Summary
In this Chapter, MD simulations were carried out to investigate the compressive
properties of graphene/nanotwinned copper nanocomposites. The structural
rearrangement with secondary reinforcement was observed and discussed from an
atomic level perspective. The major conclusions are summarised as follows:
(1) The process of rearrangement was more likely to occur in the zigzag models
because graphene can produce initial ripples at a lower strain in zigzag-along
compression. By decreasing the twin spacing and introducing multilayer graphene
to enhance the interaction between graphene and nt-Cu matrix, the armchair models
can also undergo structural rearrangement and restore elasticity.
(2) The strengthening mechanism of graphene was investigated in terms of the
distribution of stress at different strains. Primary reinforcement was attributed to the
excellent load-bearing capacity of graphene, while the intensive support provided by
graphene wrinkles accounted for secondary reinforcement.
(3) The mechanism of structural rearrangement was attributed to the symmetrical
lattice orientation in the nt-Cu matrix which provided the possibility of dislocation
annihilation. The parallel graphene-twin boundaries and a suitable direction of
compression promoted the structural rearrangement.
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CHAPTER 7 Strong strain hardening in other
graphene/nano-twinned metal composites
A secondary reinforcement (strain hardening) observed in graphene/nt-Cu
composites is as described in Chapter 6. A simple question then arises: Does strain
hardening still exist when graphene is inserted into other nt-metal matrices?
To explore this subject, four types of Gr/nt-metal composites were constructed by
incorporating graphene into nt-Au, nt-Ag, nt-Al and nt-Ni matrices. Their
mechanical properties and deformation were then investigated using MD
simulations.

7.1 Introduction
Nanotwinned (nt) metals have attracted widespread interest because of their
desirable mechanical and electrical properties [83, 275]. Their unusual combination
of ultra-high strength and high ductility is derived from the strengthening effect of
coherent twin boundaries (TBs) [276]. During plastic deformation, TBs not only act
as strong barriers for dislocation propagation [101], they can also be the sites for
dislocation aggregation and even serve as sources of dislocation when they lose
coherency [277, 278]. This complicated interaction between dislocations and TBs is
quite different from the dislocation-grain boundaries and dislocation-dislocation
interactions [279, 280]. It also explains why nt-metals can overcome the trade-off
between strength and ductility, unlike their coarse-grained counterparts. Nt-metals
also have superior resistance to fatigue [281], fracture [282], friction [283], creep
[284], and corrosion [285]. Moreover, the electrical conductivity of nt-metals is
much higher than nano-crystalline metals [286]. The electronic properties of semi-
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conductor nanowires can be controlled by tuning the structure of twinning
superlattices [287].
In 2016, the first attempt to prepare graphene/nanotwinned copper (Gr/nt-Cu)
composites was made using electrochemical deposition [105]. Nano-indentation
tests showed that the composites have a high hardness up to 3 GPa [106]. In a more
recent study, Gr/nt-Cu composites were fabricated by pulse electrodeposition (PED)
[288]. The thermal conductivity and elongation to failure of this composite increased
by 97% and 40% compared to pure PED Cu. However, details of the dynamic plastic
deformation of composites remain unclear, so it is still challenging to observe the
complex interaction between graphene, TBs, and dislocations in real experiments.
In this instance, molecular dynamic (MD) simulations can be a good tool to observe
and analyse the deformation of Gr/nt-metal composites at an atomic level. The work
described in Chapter 6 built the nanolayered graphene/nt-Cu composite and
investigated its mechanical properties by MD simulations [246]. It was found that
the chirality of graphene, the number of graphene layers, and the twin spacing can
significantly affect the mechanical properties of graphene/nt-Cu composite.
However, these simulations only focused on the nt-Cu matrix, the potential of other
types of nt-metal matrices has not been examined in the design of graphenereinforced metal matrix composites.
In addition to nt-Cu, nt-structures have been successfully fabricated in other FCC
metals. For instance, Au nanowires containing angstrom-scale twins were prepared
by reducing HAuCl4 in oleic acid and oleylamine [92]. High strength and epitaxial
nt-Ag films were deposited by magnetron sputtering onto silicon substrates [86]; ntAl has also been fabricated by ball milling and in sputtered Al/Ag multilayers [289,
290]. It was also found that nt-Ni foils can be prepared using nanoindentation at
room temperature [291]. Based on these experimental findings, four types of nt133

metal matrices have been selected in this Chapter: nt-Au, nt-Ag, nt-Al and nt-Ni.
Whereas twin spacing plays an important role in determining the mechanical
properties of nt-metals [292], a softening phenomenon can be seen when the twin
spacing is small enough [84, 87]. Hence, in this present study, all the Gr/nt-metal
composites have almost the same dense twin structures. The mechanical properties
and deformation of the composites were obtained under different conditions for
further comparison and analysis.

7.2 Simulation methods

Figure 7.1 Schematic illustration of different models: (a) and (b) pure nt-Au, (c) Gr/nt-Au
composite, (d) Gr/nt-Ag composite, (e) Gr/nt-Al composite, (f) Gr/nt-Ni composite.

Figure 7.1(a) and (b) show two views of a model of pure nt-Au with a twin spacing
of 2.1 nm. The pure nt-Au has original crystals and twinned crystals that are
separated by twin boundaries (TBs) marked by red hexagonal closest packed (HCP)
atoms. These crystals are aligned along the X [1 -1 -2] direction, while the Y [-1 1 1] and Z [1 1 0] directions of the original crystals are symmetrical to the twinned
crystals (Y [1 -1 1] and Z [-1 -1 0]). Twinned structures can be constructed by
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rotating the matrix crystal or by continuous atomic displacements [102, 246], and
Gr/nt-metal composites are obtained by introducing single-layer graphene into four
types of nt-metal matrices. The MD models of Gr/nt-Au, Gr/nt-Ag, Gr/nt-Al and
Gr/nt-Ni are shown in Figure 7.1 (c), (d), (e) and (f) respectively. The graphene sheet
is the armchair in the X-axis and zigzag in the Z-axis. Since graphene has a different
lattice mismatch with Au, Ag, Al and Ni atoms, the sizes of all the sandwiched
models have been designed such that the graphene and nt-metal matrix both have an
integer number of periodic units to avoid lattice distortion. More details are shown
in Table 7.1. Graphene is located in the X-Z plane. All pure nt-metals and
corresponding Gr/nt-metal composites have almost the same sizes in the X- and Zdirections while the composites are about 4 Å larger than of the pure nt-metals in the
Y-axis because of the incorporation of graphene.
Table 7.1 The details of dimensions for the Graphene/nt-metal composites.

Composites

Constituent

Lx (Å)

Nt-Au

259.84

Gr/Nt-Au
(λ = 2.1nm)

Graphene

Nt-Ag
Gr/Nt-Ag
(λ = 2.1nm)

Graphene

Nt-Al
Gr/Nt-Al

Ly (Å)

Lz (Å)
167.33

(26*9.994)

173.61

(29*5.770)

259.86

(7.067*24+4)

167.28

(41*4.26)

(68*2.46)

260.47

167.74

(26*10.018)

174.02

(29*5.784)

259.86

(7.084*24+4)

167.28

(61*4.26)

(68*2.46)

247.73

160.19

(25*9.909)
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172.17

(28*5.721)

(λ = 2.1nm)

Graphene

Nt-Ni
Gr/Nt-Ni
(λ = 1.8nm)

Graphene

247.08

(7.007*24+4)

159.90

(58*4.26)

(65*2.46)

258.67

169.25

(30*8.622)

150.33

(34*4.978)

259.86

(6.097*24+4)

169.74

(61*4.26)

(69*2.46)

The Au-Au, Ag-Ag, Al-Al and Ni-Ni interactions are described by the classic
embedded atom method (EAM) potentials [162, 293]. The adaptive intermolecular
reactive empirical bond order (AIREBO) potential was used to describe the C-C
interaction in the graphene [113]. Since the metal-C interaction is at least one order
of magnitude smaller than the metal-metal interaction[114], the Lennard-Jones (LJ)
potential was enough to reasonably approximate the weak metal-C interaction. The
LJ potentials with different parameters were used to describe four types of metal-C
interactions. These parameters have been well well-adjusted and optimised [114, 294,
295]. The well-depth and size cross LJ parameters are 0.0332 eV and 2.985 Å for
Au-C, 0.0301 eV and 3.006 Å for Ag-C, 0.0351 eV and 3.014 Å for Al-C, 0.0230
eV and 2.852 Å for Ni-C, respectively.
The MD simulations were carried out using the Large Scale Atomic/Molecular
Massively Parallel Simulator (LAMMPS) [12]. Periodic boundary conditions were
applied in all three directions and a time step of 1 fs was used. An energy
minimisation process was first carried out using the conjugate gradient algorithm.
All the models were then thermalised at 10 K and zero pressure in all directions for
100 ps with the constant NPT ensemble [265]. Uniaxial compression in the X-axis
was then applied to the models at a strain rate of 5 × 108 s−1. The pressure was
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maintained at zero in the Y and Z directions by the NPT ensemble with Nose/Hoover
barostatting [296]. Visualisation and analysis were achieved using the Open
Visualisation Tool (OVITO) [119]. Using common neighbour analysis (CNA) [237],
the metal atoms can be classified into face-centred cubic (FCC), body-centred cubic
(BCC), hexagonal close-packed (HCP), or other unknown types according to the
local crystalline order. The dislocation extraction algorithm (DXA) was used to
identify stacking faults and dislocations [267]. The stress components along the Xaxis (Sxx) and Y-axis (Syy) during the compression were extracted. Young’s modulus
was obtained by fitting the slope of the stress-strain curves in the initial linear region
(ε＜0.03)

7.3 Results
7.3.1 Strong strain hardening in graphene/nt-Au and graphene/nt-Ag
The compressive stress-strain curves of Gr/nt-Au and Gr/nt-Ag composites in Figure
7.2(a) show strong strain hardening. A distinctive feature of both curves is the two
linearly increasing stages with two stress maxima under compression, while there is
only one peak stress in pure nt-Au and pure nt-Ag in Figure 7.2(b). For further
analysis, four stages (Ⅰ to Ⅳ) in the stress-strain curve of Gr/nt-Au are identified and
marked in Figure 7.2(a). The stress-strain curve for Gr/nt-Au has a linear increase
with elastic deformation in stage Ⅰ, followed by a moderate drop in stage Ⅱ; Gr/ntAu then exhibits strong strain-hardening behaviour in stage Ⅲ followed by a sharp
decline in stage Ⅳ.
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Figure 7.2 The compressive stress-strain curves: (a) Gr/nt-Au and Gr/nt-Ag, (b) pure nt-Au and
pure nt-Ag.

Although stage Ⅱ was very short (0.0696 < strain < 0.0755), it is crucial for strain
hardening

because a rapid

structural

transition

occurs

in

this

stage.

Figure 7.3 Atomic configurations of Gr/nt-Au under different compressive strains: (a) The
nucleation of initial dislocations caused by the wrinkles of graphene at ε = 0.0703, (b), (c), and (d)
The propagation of dislocations at ε = 0.0717, ε = 0.0726, ε = 0.0736, respectively. (e) The
ultrahigh-density twins observed at ε = 0.115, (f) Morphology of experimentally synthesized Au
nanowires, (Scale bar = 10nm) [92], (g) High-resolution TEM (HRTEM) image of the selected
area in (f); (h) The second plastic deformation at ε = 0. 1550.
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To describe the structural transition, some representative atomic configurations were
captured in stage Ⅱ and shown in Figure 7.3. In the beginning, some small wrinkles
of graphene were generated at a strain of 0.0721, as shown in Figure 7.3(a), it
resulted in the nucleation of initial partial dislocations from the nt-Au matrix due to
local lattice disturbance. These initial partials induced a loss in the coherency of the
nearest TBs shown in Figure 7.3(a), and then triggered the nucleation of new partials
on the other side of the TBs, as shown in Figure 7.3(b). Further propagation of the
dislocations induced a loss of coherency in the other TBs as stacking faults formed;
as shown in Figure 7.3(c) and (d). Simultaneously, lattice rotation occurred as the
angle between the original crystals and the twinned crystals in the nt-Au matrix
gradually decreased at the higher compressive strain (Figure 7.4). Lattice rotation
induced the formation of stacking faults parallel to the Y-axis; these stacking faults
are the precursors of new TBs. Such a structural transition leads to the formation of
a new internal structure containing ultrahigh-density twins.
A highly ordered atomic arrangement was captured at a strain of 0.115 in Figure
7.3(e); here the new structure of Gr/nt-Au was markedly different from the original
model. The original TBs were parallel to the X-axis with a twin spacing (λ) of 2.1
nm, as shown in Figure 7.1(c). After the structural transition, the newly formed TBs
were parallel to the Y-axis and had a smaller average twin spacing (λ = 0.7 nm), as
seen in Figure 7.3(e) and Figure 7.5(a). It was noted that Wang et al. [92] fabricated
pure Au nanowires containing angstrom-scale twins, and these parallel TBs were
perpendicular to the wire axis, as shown in Figure 7.3(f). The High-resolution TEM
image shows that the smallest twin spacing was about 0.7 nm (three atomic layers),
as shown in Figure 7.3(g). The ultrahigh-density twins after the structural transition
observed in the simulations of this Chapter were similar to these experimental
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findings, which indicates that the existence of a new internal structure is feasible
under real experimental conditions.
Figure 7.5(b) shows that the morphology of graphene changed from a flat 2D to a
wrinkled 3D because the internal lattice[297] changed. It has been found that Gr/ntAu maintained ultrahigh-density twins and stable graphene morphology in stage Ⅲ
without any dislocation movement. This appears to be the key to strain hardening.
The stress in nt-Au increased again in stage Ⅲ to the second peak value of 10.46
GPa, which is much larger than the first peak stress. These results indicate that after
the rapid structural transition in stage Ⅱ, the Gr/nt-Au regained its elasticity with
much higher resistance to compression. Finally, Figure 7.3(h) shows that new
dislocations nucleated from the nt-Au matrix, and they correspond to the second
plastic deformation in stage Ⅳ.

Figure 7.4 The schematic diagram of lattice rotation. The original crystals and the twinned crystals
are marked by different coloured arrows.
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Figure 7.5 (a) The ultrahigh-density twins in Gr/nt-Au at a strain of 0.115, (b) The uniform
wrinkling structures in graphene.

The Gr/nt-Ag also had double peaks in its stress-strain curve, as shown in Figure
7.2(a). The first peak stress of 7.83 GPa was higher than Gr/nt-Au (5.26 GPa),
whereas the second peak stress of Gr/nt-Ag was only 8.19 GPa, which was lower
than Gr/nt-Au (10.46 GPa). Furthermore, while Gr/nt-Ag experienced a similar
structural transition, its new internal structure was not perfect.
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Figure 7.6 (a) and (b) The atomic configurations of Gr/nt-Ag containing stacking faults at ε =
0.0825, (c) The percentage of HCP atoms in Gr/nt-Au and Gr/nt-Ag under compression, (d) The
formation of folds in graphene with dislocation nucleation from the nt-Ag matrix at ε = 0.1192.

Figure 7.6(a) and (b) shows some stacking faults in the nt-Ag matrix, one of which
is marked in yellow. Figure 7.6(c) shows that the percentage of HCP atoms in the
Gr/nt-Ag was more than 40% with slight changes in strain from 0.085 to 0.140. The
movement of stacking faults weakens its resistance to compressive loading, and
leads to an earlier formation of folds (corresponding to ε = 0.1192) with new
dislocation nucleated from the nt-Ag matrix, as shown in Figure 7.6(d). However,
Gr/nt-Au had a perfect internal structure after the structural transition shown in
Figure 7.3(e). The percentage of HCP atoms in Gr/nt-Au was only 32.4% and
remained almost unchanged over the wide range of strain shown in Figure 7.6(c),
until the formation of folds at ε = 0.1415. This comparison indicates that a better
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internal structure can delay the motion of graphene from wrinkles to folds with
stronger strain hardening. A perfect internal structure which can be obtained in
Gr/nt-Au rather than Gr/nt-Ag may be attributed to the higher ductility of Au
compared to Ag [298].
7.3.2 Compressive behaviour of graphene/nt-Al and graphene/nt-Ni
The stress-strain curves of Gr/nt-Al, Gr/nt-Ni composites, and pure nt-structures are
shown in Figure 7.7(a) and (b). All the curves show similar compressive behaviours
with only one peak stress value. Two stages (Ⅰ and Ⅱ) are marked for Gr/nt-Al in
Figure 7.7(a). The transition point from stage Ⅰ to stage Ⅱ corresponds to its yielding
strain. While the yielding strain of Gr/nt-Al was 0.0885, pure nt-Al was 0.1147. An
earlier yielding behaviour was caused by the formation of folds in the graphene, as
shown in Figure 7.7(c). Once the initial dislocations had nucleated and propagated
inside the model, the stress in Gr/nt-Al would decrease sharply, indicating that Gr/ntAl was entering the plastic deformation region (stage Ⅱ). Figure 7.7(d) shows the
atomic configuration of Gr/nt-Al at a strain of 0.11, where the morphology of
graphene had distorted and there were a small number of dislocations between the
TBs. Similar findings were also obtained for the Gr/nt-Ni composite. Figure 7.7(e)
shows that the original TBs still existed in the internal structure of Gr/nt-Ni at a
strain of 0.11. Folding was generated in the middle part of graphene, while the other
parts of the graphene surface remained flat, as shown in the close-up of graphene
morphology in Figure 7.7(f).
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Figure 7.7 The compressive stress-strain curves of (a) Gr/nt-Al and Gr/nt-Ni, (b) Stress-strain
curves of pure nt-Al and pure nt-Ni, (c) The initial dislocations in Gr/nt-Al nucleated by the
formation of folds in graphene at ε = 0.0885, (d) The distorted graphene lattice in Gr/nt-Al at ε =
0.11, (e) The atomic configurations of Gr/nt-Ni at ε = 0.11 and (f) the corresponding close-up of
graphene morphology.
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7.4 Discussion
7.4.1 Atomic mechanism of structural transition
The compressive behaviour of Gr/nt-Al and Gr/nt-Ni differed from Gr/nt-Au and
Gr/nt-Ag. To investigate the reasons for these differences, the compressive
behaviour of Gr/nt-Al and Gr/nt-Au at specific strains were compared. As shown in
Figure 7.8(a), the graphene surface in Gr/nt-Al tended to wrinkle at a strain of 0.0875,
just below its yielding strain. It was found that most Al atoms were still locked in
the FCC structures (blank areas), apart from the Al atoms closest to the graphene
surface which were identified as other-type (white). The corresponding distribution
of stress in Figure 7.8(b) indicates that these other-type Al atoms were subjected to
a high tensile or compressive stress (-5 to 5 GPa) in the Y-axis caused by local lattice
disturbance due to the formation of small wrinkles in the graphene surface.
However, as for Gr/nt-Au, a large number of other types of Au atoms was observed
at a strain of 0.0725 in Figure 7.8(c), even though this strain was smaller than in
Figure 7.8(a). The other type of lattice structure can be regarded as a transitional
state where the original FCC structure of the Au atoms was destroyed and a new
local crystalline order has not yet been formed. Note that some of the Au atoms have
transformed into an HCP structure (red atoms) in Figure 7.8(c), indicating the
nucleation of initial dislocations. The distribution of stress shown in Figure 7.8(d)
reveals that the lattice disturbance caused by the graphene wrinkles can be
transmitted freely along the Y-axis, even if the Syy of the Au atoms closest to the
graphene surface is lower than the Al atoms in Gr/nt-Al.
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Figure 7.8 (a) The wrinkling morphology of graphene in Gr/nt-Al and (b) its corresponding stress
distribution Syy at ε = 0.0875, (c) The other type and HCP Au atoms observed near graphene surface
and (d) its corresponding stress distribution Syy at ε = 0.0725. The FCC structures have been
omitted for clarity.

When graphene wrinkles it can lead to the nucleation of dislocations in the nt-Au
matrix, but it has no effect on the nt-Al matrix. It is believed that this difference is
due to the large gap between the stacking fault (SF) energies of Au and Al. Previous
studies showed that the SF energy of Au is between 32–46 mJ/m2, whereas Al is
much higher (166 mJ/m2) [275]. Even if the introduction of graphene provides
potential sites, the nt-Al matrix with high SF energy still finds it difficult to nucleate
dislocations. In this case, the Al atoms closest to the graphene surface preferentially
remain in their original locations under compression loading and impose strong
restrictions on the movement of graphene. Therefore, graphene cannot maintain a
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wrinkling morphology at a higher strain because it leads to a rapid release of stress
and the formation of folds, as shown in Figure 7.9(a) and (b).

Figure 7.9 (a) The formation of folds in graphene and (b) a rapid stress release in the X-axis at ε
= 0.0863 in Gr/nt-Al, (c) Uniform wrinkling of graphene and (d) well-distributed compressive
stresses at ε = 0.0858 in Gr/nt-Au. The metal atoms have been omitted for clarity.

These folds result in the nucleation of dislocations because there is a large
deformation and a strong lattice disturbance which accounts for the earlier yielding
of Gr/nt-Al. In contrast, the low SF energy of Au means that the dislocations in
Gr/nt-Au can easily nucleate and propagate with the growth of wrinkling in graphene.
These wrinkling structures can exist over a wide range of strains because the highly
organised dislocation slips produce enough space for the wrinkles to deform further
such that the compressive loading is well distributed over the whole graphene sheet,
as shown in Figure 7.9(c) and (d). A uniform and stable graphene morphology also
facilitated a perfect structural transition in the nt-Au matrix. The SF energy of Ag is
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16 mJ/m2, which is much smaller than Ni (125 mJ/m2)[275]. Therefore, Gr/nt-Ag
shows similar compressive behaviour as Gr/nt-Au, and there is no strain hardening
in either Gr/nt-Al or Gr/nt-Ni.
7.4.2 Orientation dependence of strain hardening
As discussed above, there was strong strain hardening in Gr/nt-Au and Gr/nt-Ag
under uniaxial compression along the X-axis ([1 -1 -2]). A simple question then
arises: are these observations sufficiently general under a different loading state? To
investigate this hypothesis, uniaxial tension tests were carried out along the X-axis
at a strain loading rate of 0.0005 ps-1. The tensile results indicate there was no strain
hardening in all four composites. The tensile behaviour of Gr/nt-Au was chosen as
an example for analysis. As Figure 7.10(a) shows, the linear portion in the stressstrain curve corresponds to the elastic region of Gr/nt-Au, but then the first drop in
stress occurred at point A due to the nucleation of dislocations in Figure 7.10(b); this
indicated that the Cu atoms in the nt-Au matrix were in the region of plastic
deformation. The tensile stress increased again from a strain of 0.1093 to 0.1276
because this strain interval is still within the elastic range of graphene and graphene
has an excellent load-bearing capacity [164]. Finally, the second drop in stress
resulted from the graphene fracturing. Figure 7.10(b) shows the atomic configuration
of Gr/nt-Au before the graphene fractured at a strain of 0.12 (point B). By comparing
point A and point B, it can be seen that the original TBs disappeared under tension
leaving some zigzag dislocations to propagate in the nt-Au matrix. More importantly,
graphene always maintained a relatively flat interface with the nt-Au matrix and
there was no strain hardening under tension loading. Due to the unique twodimensional lattice structure and low bending stiffness [274, 299], the surface of
graphene would form wrinkles under compression rather than under tension loading.
This may the reason for the lack of strain hardening in the tension loading cases.
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Figure 7.10 (a) The stress-strain curve of Gr/nt-Au under uniaxial tension along X-axis, (b) The
atomic configurations of Gr/nt-Au at point A and point B.

Note that while two-dimensional graphene was in the X-Z plane, uniaxial
compression tests along the Z-axis ([1 1 0]) were also carried out for comparison.
There was only one stress peak in the stress-strain curves of Gr/nt-Au and Gr/nt-Ag,
as shown in Figure 7.11(a). Although the formation of graphene wrinkles occurred
during compression along Z-axis, shown in Figure 7.11(b) and (c), these wrinkles
could not induce the similar structural transition which occurred under compression
along X-axis, as shown in Figure 7.3. It is believed that plastic anisotropy was the
main reason for these different compression results. You et al. identified the
dislocation-based deformation mechanisms in nt-metals [100] where it was found
that dislocation motion had a strong orientation dependence.
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Figure 7.11 (a) The stress-strain curves of Gr/nt-Au and Gr/nt-Ag under uniaxial compression
along Z-axis, (b) and (c) The atomic configurations of Gr/nt-Au and Gr/nt-Ag at the strain of 0.10,
respectively.

By changing the loading orientation with respect to the twin planes, the extent of
dislocation pile-up was completely different and the deformation mechanism could
effectively be switched. These results indicate that a suitable compression
orientation ([1 -1 -2]) is very important for achieving strong strain hardening because
a structural transition can only be induced by the wrinkling of graphene when a
compression loading was applied in this direction; it eventually led to the formation
of ultra-high-density twins with a secondary increase of compressive stress.
7.4.3 Effect of temperature on strain hardening
To investigate the effect of temperature on strain hardening behaviour, compression
tests of Gr/nt-Au and Gr/nt-Ag were carried out at temperatures from 50K to 300K.
Figure 7.12(a) shows that all the stress-strain curves of Gr/nt-Au exhibited similar
strain hardening behaviour, although the maximum stress decreased slightly
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temperature increased due to thermal fluctuations. It was found that a fast structural
transition can occur in all the groups of Gr/nt-Au from 50K to 300K, which was
almost the same as at 10K, as discussed before. However, the results observed in
Gr/nt-Ag were different because while strain hardening still existed in Gr/nt-Ag at
50K and 100K, as shown in Figure 7.12(b), it disappeared when the temperature
went over 200K. To explain this temperature-dependent change, we tracked and
compared the dislocation motion in Gr/nt-Ag between temperatures of 50K and
300K.

Figure 7.12 The stress-strain curves under uniaxial compression along X-axis at different
temperatures: (a) Gr/nt-Au and (b) Gr/nt-Ag.

It is obvious in the Gr/nt-Ag at 50K shown in Figure 7.13(a) that all the initial partial
dislocations had nucleated because wrinkles formed in the graphene at a strain of
0.077, and these partial dislocations gradually merged into stacking faults with
further propagation at a strain of 0.08. Similar to the structure formed at 10K in
Figure 7.6(a) and (b), the structural transition of Gr/nt-Ag at 50K finally led to the
formation of ultrahigh-density twins with strong strain hardening. However, at 300K,
when the initial dislocations induced by wrinkles began to generate at a strain of
0.077, there were already some other dislocations in Gr/nt-Ag, as shown in Figure
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7.13(b). These pre-existing dislocations could be nucleated from the nt-Ag matrix
first, rather than from the graphene/Ag interface. This is related to an earlier yielding
behaviour of Ag due to high temperatures, which is consistent with Nath et al.’s
studies [300]. This competitive process of dislocation motion inhibits the expected
structural transition. As Figure 7.13(b) shows, when the strain increased from 0.080
to 0.105, numerous dislocation loops were seen in the nt-Ag matrix without stacking
faults and twins forming. Meanwhile, a flat graphene surface does not form uniform
ripples and it directly generates folds. This loose internal structure results in a lack
of strain hardening.

Figure 7.13 The nucleation and propagation of dislocations in the Gr/nt-Ag at some representative
strains at: (a) temperature = 50K and (b) temperature = 300K. FCC structures have been omitted
for clarity.

7.4.4 Enhancing effect of graphene on mechanical properties
The maximum strength and Young's moduli of all the pure nt-metals and composites
are shown in Figure 7.14. The maximum strengths of pure nt-Au and nt-Ag are only
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3.23 and 5.45 GPa, respectively. These low maximum strengths were caused by
softening due to detwinning and loss of coherency in the TBs, as shown in Figure
7.15(a) and (b). These results agree with the previous reports of nano-twinned FCC
metals [87, 301].

Figure 7.14 The maximum strength (a) and the Young's modulus (b) of pure nt-metals and Gr/ntmetal composites.

There was no lattice rotation or dislocation incorporation in pure nt-Au and nt-Ag
under compression, but this structural transition did occur in the Gr/nt-Au and Gr/ntAg composites. This comparison indicates that graphene plays an important role in
structural transition because it not only provides nucleation sites for initial
dislocations, it also affects the subsequent plastic deformation that finally leads to
the secondary increase of stress in Gr/nt-Au and Gr/nt-Ag with higher maximum
strength, as shown in Figure 7.14(a). Due to a high SF energy, lowdensity dislocation patterns were obtained at ε = 0.16 for pure nt-Al and nt-Ni, as
shown in Figure 7.15 (c) and (d). Their original TBs still existed with an HCP
percentage of 9.9% and 11.5% for pure nt-Al and nt-Ni respectively. The maximum
strength of pure nt-Al was 11.02 GPa at a high yielding strain (ε = 0.115), but for
Gr/nt-Al the formation of folds in graphene results in an earlier yielding (ε =0.0885)
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and maximum strength of only 11.17 GPa, which is almost the same as pure nt-Al.
This suggests that the incorporation of graphene into the nt-Al matrix may not
improve its maximum strength.

Figure 7.15 (a) and (b) Zigzag stacking faults at a strain of 0.08 in pure nt-Au and nt-Ag,
respectively. (c) and (d) The low-density dislocation patterns (ε = 0.16) in pure nt-Al and nt-Ni,
respectively.

The yielding points of pure nt-Ni and Gr/nt-Ni were close at about ε = 0.08, as shown
in Figure 7.7. Figure 7.14(a) shows that the maximum strength of Gr/nt-Ni (13.87
GPa) was higher than pure nt-Ni (11.38 GPa), even though there was no structural
transition in Gr/nt-Ni. Furthermore, all the Gr/nt-metal composites had a higher
Young’s modulus than the pure nt-metal shown in Figure 7.14(b). The maximum
value of Young's modulus was 231.66 GPa in Gr/nt-Ni, which indicates that while
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the incorporation of graphene helped to improve the Young's modulus for all ntmetal matrices, it enhanced the maximum strength of different nt-metal matrices to
different degrees.
7.4.5 Advantages of nano-twinned structures
This Chapter has shown that the incorporation of graphene was indispensable for the
strain hardening phenomenon by comparing pure nt-metals and Gr/nt-metal
composites, albeit the role played by the nt-metal matrix was not described very well.
To investigate the advantages of nt-structures another model (‘Gr/SC-Au’) was built
based on the Gr/nt-Au model and the nt-Au was replaced by single-crystalline Au.
The compression of Gr/SC-Au was simulated under the same conditions for the sake
of comparison. The stress-strain curve of Gr/SC-Au is shown in Figure 7.16(a)
where its maximum strength was 6.01 GPa at point A; this was higher than the first
peak stress of Gr/nt-Au (5.26 GPa) because there was no obvious softening in the
single-crystalline Au matrix. The atomic configurations in Figure 7.16(b) show that
the distribution of initial dislocations was inhomogeneous at point A and the
propagation of dislocations can directly penetrate through the whole model. After
point A, the stress of Gr/SC-Au decreased slightly and then fluctuated without a
secondary linear increasing trend.
Such a weak strain hardening effect was attributed to the unstable internal structure.
Figure 7.16(c) shows that plenty of deformation twins were produced at point B.
These HCP structures have a certain inclination to the Y-axis while the graphene
exhibited an irregular zigzag morphology. It was found that some residual
dislocations still nucleated and propagated inside the Gr/SC-Au, which caused the
stress to fluctuate. The formation of folds in the graphene was first seen at a strain
of 0.1051 (point C) in Figure 7.16(d), after which the stress in Gr/SC-Au showed a
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continuous decreasing trend. These results are similar to the theoretical and
experimental findings for graphene/single-crystalline metal composites [27, 73].

Figure 7.16 (a) The compressive stress-strain curve of Gr/SC-Au. (b), (c) and (d) corresponding
to the CNA results of Gr/SC-Au at point A (ε = 0.0738), point B (ε = 0.0813) and point C (ε =
0.1051), respectively.

This comparison revealed the importance of the nt-Au matrix in achieving strong
strain hardening behaviour. On one hand, the initial dislocations could not penetrate
through the nt-Au matrix quickly because their propagation was hindered somewhat
by the dense TBs, as shown from Figure 7.3(a) to (c), but then there was a softening
behaviour due to the very orderly dislocation nucleation. Although this softening
behaviour led to low yield stress it provided favourable conditions for a stable
graphene morphology to form, as shown in Figure 7.5(b). On the other hand, the nt156

Au matrix has a symmetrical lattice structure that benefits the structural transition,
lattice rotation, and dislocation incorporation, as shown in Figure 7.4. After this
structural transition, the newly formed TBs are parallel to the Y-axis without any
residual dislocations in Figure 7.3(e). This also improved the stability of Gr/nt-Au
and resulted in a strong strain hardening effect.

7.5 Summary
In this Chapter, the mechanical properties of four types of graphene/nt-metal
composites were investigated by MD simulations. The main conclusions are
summarised as follows:
(1) The formation of wrinkles in graphene can induce the nucleation of initial partial
dislocations from nt-Au and nt-Ag matrixes because of low SF energies. After a
rapid structural transition, the newly formed ultrahigh-density twins improved the
resistance of composites to compressive loading, leading to strong strain hardening
of Gr/nt-Au and Gr/nt-Ag.
(2) This strain hardening behaviour has a strong orientation dependence which is
only observed under uniaxial compression along the [1 -1 -2] direction. The main
reasons for this orientation dependence involve the formation of graphene wrinkles
and plastic anisotropy of the nt-metal matrix.
(3) Strong strain hardening results were obtained in Gr/nt-Au over a range
of temperatures from 10K to 300K. However, the strain hardening effect
disappeared in Gr/nt-Ag when the temperature rose to 200K and 300K. This was
caused by an inhibited but competitive process of dislocation motion in the nt-Ag
matrix.
(4) There was no strain hardening in either Gr/nt-Al or Gr/nt-Ni because wrinkled
graphene has difficulty with the nucleation of dislocations in nt-Al and nt-Ni
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matrices. Graphene transitioned from wrinkles to folds at an atomic level with a
rapid release of stress which led to Gr/nt-Al yielding earlier.
(5) The incorporation of graphene significantly enhanced the maximum strength and
Young's modulus of most composites. The symmetrical lattice structure in nt-metals
helped to achieve better mechanical properties because its softening behaviour
provides conditions that help to maintain a stable graphene morphology, and also
provide the possibility of lattice rotation and dislocation incorporation.
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CHAPTER 8 Wrinkling and buckling of graphene
induced by nano-twinned Cu matrix
Three-dimensional materials based on graphene materials have become more
interesting due to their excellent catalytic performance and unique electronic
properties, while preparing uniform and stable 3D graphene structures remains a
challenge. Based on previous studies in this thesis, an attempt is made in this
Chapter to use the nt-Cu matrix with small twin spacing to induce the formation of
wrinkling and buckling in graphene structures. A simple sliding method is also
proposed to decouple graphene from the nt-Cu matrix without any damage. This
work has previously been published in Nano Materials Science [302].

8.1 Introduction
Transforming two dimensional (2D) graphene sheets into three dimensional (3D)
structures has attracted growing interest in recent years [303]. Graphene can be
easily warped in an out-of-plane direction because of low bending stiffness,
wrinkling, buckling and folding structures [304, 305]. These 3D graphene structures
have distinct catalytic and electrical properties. For instance, a 3D honeycomb
graphene sheet has a high catalytic performance as a counter electrode and can
achieve a high energy conversion efficiency (7.8 %) in solar cells sensitised with dye
[306]. Pt decorated 3D graphene-based nanoparticles were used as methanol
oxidation catalysts due to their excellent catalytic activity [307]. A simple operation
of 3D texturing may lead to extraordinary changes in electronic properties.
Unconventional superconductivity was realised in a super-lattice structure created
by stacking two sheets of graphene with a small ‘magic’ angle of about 1.1° [308].
Tri-layer graphene with ABA stacking has a massless Dirac band near the Fermi
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level [309], and the periodic wrinkles in graphene allow for spun polarised transport
at low magnetic fields because of an enhanced spin and orbit interaction [310]. These
3D graphene structures have a wide range of applications in energy storage [311],
strain sensing [312], wettability surfaces [313], and catalysts [314].
A lot of effort has gone into inducing a 3D texturing of graphene. Precisely folded
graphene nanostructures were obtained by custom-designed nanoscale origami [315].
Suspended graphene sheets will fold freely under intense mechanic stimulation [316].
The formation of folded structures in graphene can be controlled by introducing
curved templates during the synthesis or transfer processes [317]. A modified Cu
(111) substrate and solvent driven graphene and polymer bi-layers were used to
produce wrinkles in graphene [318]. However, most methods require harsh
conditions. For example, graphene origami was produced using the tip of a scanning
tunnelling microscope (STM) which needs a very accurate operation at an atomic
scale [308]. Other methods require intense external stimulation [316], the surface
functionalisation of graphene [319], artificially modified substrates [320], or
complex solvent conditions [321]. The uniformity and precision in the 3D
geometries of graphene could be further improved in functional electronic devices.
Copper is widely used for the synthesis and application of graphene because the low
solubility of carbon in copper and ease of graphene transfer makes it a good substrate
for growing graphene sheets by chemical vapour deposition (CVD) [322].
Graphene/Cu nanocomposites also have excellent mechanical and thermal
properties [73, 323]. A single-crystal Cu matrix was used in the CVD process but the
orientation effect of Cu was not considered in some graphene/Cu nanocomposites
[9, 324]. Nano-twinned copper (nt-Cu) has attracted a lot of attention because it
simultaneously exhibits ultrahigh strength, high ductility, and electrical conductivity
[83, 101]. An attempt to synthesize graphene/nt-Cu composites with ultrahigh
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hardness was first undertaken by electrochemical deposition in 2017 [106], while
the other properties and potential applications of graphene/nt-Cu composites are still
unknown.
There is an interesting softening phenomenon in nt-Cu known as the reverse HallPetch effect [325]. As the twin spacing decreases, the strength of nt-Cu gradually
increases to a maximum when the twin spacing is about 15 nm [87], but then the
strength drops as the twin spacing continues to decrease. This softening mechanism
is due to a large amount of orderly dislocation nucleation and movement in the twins
[84]. It was found that a softening nt-Cu can be a good matrix to induce uniform
wrinkling and buckling in graphene under uniaxial compression. These unique 3D
graphene morphologies were first formed inside the nt-Cu matrix and after a simple
sliding operation can be exposed to the surface of substrates for transfer and
application.

8.2 Simulation Methodology
The configurations of graphene/nt-Cu nanolayered composites are shown in Figure
8.1. An original Cu matrix was established in the X [1 -1 -2], Y [-1 1 -1] and Z [1 1
0] directions respectively. The original crystal remained unchanged and then
successive atomic displacements on (111) planes were applied to generate a
symmetric twin crystal along the X [1 -1 -2], Y [1 -1 1] and Z [-1 -1 0] directions
[103]. Since different atomic displacements lead to different twin spacings, singlelayer or multilayer graphene was introduced into the nt-Cu matrix. The chirality of
graphene was set as the armchair along the X-axis and zigzag along the Z-axis.
Figure 8.1(a) and (b) shows one graphene sheet sandwiched in the nt-Cu matrix with
twin spacings of 1.88 nm. For comparison, a composite with a twin spacing of 3.75
nm and a composite without twin boundaries were designed as shown in Figure 8.1(c)
and (d), respectively. An alternating composite was also constructed by introducing
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multilayer graphene into the nt-Cu matrix, as shown in Figure 8.1(e). Due to lattice
mismatch and lattice distortion [264], an integer number of periodic units are
required to design graphene and the nt-Cu matrix. All the models were
approximately 440 Å and 200 Å in the X and Z direction respectively. The thickness
in the Y-axis varied slightly due to different layers of graphene sheets. Every
simulation model encapsulated more than 1.1 million atoms.

Figure 8.1 MD models used in this Chapter. (a) and (b) The single-layer graphene in the nt-Cu
matrix with twin spacing of 1.88 nm (CTS1), (c) Single-layer graphene in the nt-Cu matrix with
twin spacing of 3.75 nm (CTS3), (d) Single-layer graphene in a single-crystal copper matrix
without twin boundaries (CWTB), (e) An alternating composite constructed by introducing four
graphene sheets into the nt-Cu matrix (ASTB).

MD simulations were carried out using the open-source code Large scale
Atomic/Molecular Massively Parallel Simulator (LAMMPS) [12]. A secondgeneration reactive empirical bond order potential was used to describe the carbon
to carbon interaction in graphene [113]. This interaction between Cu atoms was
described by the embedded atom method (EAM) [111]. The interaction between
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carbon and Cu was described by a Lennard-Jones potential (potential depth 0.02578
eV, size parameter 3.0825 Å) [70]. After minimising their energy all the models were
relaxed in an isothermal-isobaric (NPT) ensemble at 10 K for 100 ps to maintain
zero pressure in three directions [296]. Uniaxial compression was then applied along
the X-axis at a strain rate of 5 × 108 s−1. Zero pressure in the Y and Z directions was
maintained by the NPT ensemble during compressive loading. Periodic boundary
conditions were applied in all three directions. The open visualisation tool (OVITO)
was used to obtain structural information. The crystal structure was identified by
common neighbour analysis (CNA). The copper atoms were classified into face
centred cubic (FCC), hexagonal close-packed (HCP), or other types [326]. The
dislocation extraction algorithm (DXA) was used to reveal the dislocation movement
and identify the Burgers vectors [267]. The stress component along the X-axis (Sxx)
was used to plot the stress-strain curves and the stress component along the Y-axis
(Syy) was also exported for further analysis.

8.3 Results and discussion
8.3.1 Wrinkling structures of single-layer graphene
Figure 8.2(a) shows the stress-strain curve of the graphene/nt-Cu composite under
uniaxial compression and with twin spacings of 1.88 nm (CTS1). One obvious
feature of the curve was the two linear and increasing parts of stress. The first linear
increasing stage corresponded to the elastic deformation of the composite. The
primitive wrinkles of graphene observed with local lattice disturbance at point A in
Figure 8.2(b) triggered the nucleation of a small number of dislocations, after which
the stress began to decrease after point A with plastic deformation in the nt-Cu matrix.
It can be seen from point B in Figure 8.2(b) that numerous dislocations generated
and propagated near the surface of the graphene. The intersections between
dislocations and twin boundaries (TBs) caused the original TBs to gradually
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disappear. Note that the small fluctuation of the stress at point B in Figure 8.2(b)
indicates that the movement of these dislocations can be somewhat restricted tent by
the nt-Cu substrate with dense original TBs. The stress decreased sharply when
nearly all the original TBs collapsed at point C, but the stress of CTS1 increased
linearly from point D until it reached a maximum at 14.1 GPa. This recovery of
elasticity can be explained by the annihilation of dislocations due to the rotation of
lattice orientation. With the continuous dislocation propagation from point A to point
D under compressive loading in Figure 8.2(b), the angle between the symmetrical
twin structures also decreased gradually after the original TBs disappeared.

Figure 8.2 The formation of wrinkling graphene structures in CTS1. (a) The stress-strain curve of
CTS1, (b) The atomic CNA results at points A (ε=0.0825), B (ε=0.0855), C (ε=0.0862), D
(ε=0.0871), E (ε=0.1075), and F (ε=0.1281).

The evolution of dislocation density indicated an obvious annihilation of most
stacking faults from point D to point E (Figure 8.3). Once annihilation was
completed there were a large number of newly formed TBs perpendicular to the
direction of compression at point E in Figure 8.2 (b). Finally, point F shows the
second plastic deformation with a sharp drop in stress. There are small wrinkles in
the graphene from point B to the second yield point, which is marked as point Y in
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Figure 8.2(a).

Figure 8.3 The dislocation density evolution of CTS1 under compressive loading.

Figure 8.4(a) shows a wave-shaped morphology of graphene had initially formed at
point B where the distance between the adjacent wave crests was about 1.25 nm.
These wrinkles exhibited a uniform distribution and can exist stably over a range of
strain from 0.0855 (point B) to 0.1247 (point Y). Figure 8.4(b) shows that the
distance between the adjacent wave crests decreased to about 1.19 nm at point Y and
their thickness increased slightly from 0.23 nm to 0.32 nm as the compressive strain
increased. The relationship between the compressive strain and the morphology of
graphene is shown in Figure 8.4(c). The distance and thickness have decreasing and
increasing trends under compressive loading. These micro parameters of wrinkling
structures can be controlled by applying compressive strains which may induce
variable mechanical and electronic properties to form.
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Figure 8.4 Two representative wave-shaped morphologies of graphene during compression: (a)
point B (ε=0.0855) and (b) point Y (ε=0.1247), The copper atoms have been omitted for clarity,
(c) The relationship between the compressive strain and the morphology of graphene.

8.3.2 Formation of wrinkling structures
The simulated compression of the other two composites was carried out for the
purpose of comparison. Figure 8.5(a) shows the stress-strain curves of a composite
with a twin spacing of 3.75 nm (CTS3) and a composite without twin boundaries
(CWTB). There was only one linear increasing part of stress in both curves, followed
by a sharp drop. The primitive wrinkles of graphene in CTS3 at point A resulted in
the nucleation of some dislocations in the inset of point A, as shown in Figure 8.5(b).
However, when these wrinkles induced dislocations generated many other
dislocations already existed in CTS3. These pre-existing dislocations in CTS3 were
first nucleated from the nt-Cu matrix, but as Figure 8.2(b) shows, the nucleation of
all initial dislocations stemmed from the wrinkles/copper interface in CTS1. Two
dislocation nucleation modes were attributed to their difference in twin density
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because dense TBs can act as effective stress concentrators that affect yielding
behaviour [327]. These results were similar to the heterogeneous-to-homogeneous
dislocation nucleation in ultra-twinned Au nanowires below a critical twin size
(2.8nm) [92]. The primitive wrinkles in CTS3 were further compressed to form folds
at point B in Figure 8.5(b). The original TBs did not collapse due to plastic
deformation. There are similar folding structures in CWTB at point C and point D
in Figure 8.5(b). Such a deformation of graphene from wrinkles to folds in a singlecrystal metal matrix is consistent with published results by Wang et al. and Long et
al. [69, 70].

Figure 8.5 The deformation from wrinkles to folds in CTS3 and CWTB. (a) The stress-strain
curves of CTS3 and CWTB, (b) The atomic CNA results at points A (ε=0.0845), B (ε=0.0995), C
(ε=0.0803), and D (ε=0.0995). The inserts in the lower right corner were to enlarge the wrinkling
or folding regions of graphene for a clearer observation.

In order to investigate why the wrinkles in CTS1 can maintain a uniform waveshaped morphology rather than forming folds, the Sxx and Syy stress components of
graphene in CTS1 and CWTB were obtained for further analysis. Figure 8.6(a)
shows that when the primitive wrinkles of graphene generate in CTS1, the Sxx of
carbon atoms showed a homogeneous distribution at about -35 to -25 GPa; this
indicated that the compressive loading was well distributed in all parts of the
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graphene sheet. Meanwhile, the graphene surface was under tensile stress along Yaxis with Syy of about 7 GPa.

Figure 8.6 The comparison of stress distribution in the graphene surface between CTS1 and
CWTB. (a) The wrinkling of graphene in CTS1 with a homogeneous distribution of Sxx and banded
distribution of Syy, (b) The folds in CWTB after a rapid release of stress.

The banded distribution of Syy was in one-to-one correspondence with the wrinkles
in graphene. This result revealed that the movement of wrinkles along the Y-axis was
hindered by the nt-Cu matrix. More importantly, the annihilation process led to the
formation of newly formed TBs that were perpendicular to the direction of
compression. These vertical TBs were distributed evenly on the surface of graphene
where they can serve as barriers for the large local deformation of graphene. In this
case, the resistance of graphene to out-of-plane deformation was enhanced so the
external loading can be well distributed throughout the whole surface of graphene;
this helps to form uniform wrinkles. In contrast, the Sxx and Syy of graphene in CWTB
168

have an inhomogeneous distribution, as shown in Figure 8.6(b). The carbon atoms
located at the wrinkles have an Sxx of almost zero with a compressive Syy; this
indicates a rapid release of stress as the wrinkles changed to folds. Since the
compressive loading was released in the central region, the other parts of the
graphene surface maintained a flat morphology. Due to insufficient resistance for the
out-of-plane deformation, the primitive wrinkles in CWTB can be easily compressed
to form folds.
8.3.3 Buckling structures of multi-layer graphene
By incorporating multi-layer graphene and maintaining a constant twin spacing,
marked as ASTB in Figure 8.7(a), uniform buckling structures can be observed in
the nt-Cu matrix. Figure 8.7(b) shows that these primitive wrinkles of multi-layer
graphene provide preferential sites for dislocation nucleation. The nucleation of all
initial dislocations was from the wrinkles/copper interface rather than the nt-Cu
matrix. At a strain of 0.0602, the distribution of stress shows that the average
compressive Sxx of carbon atoms was 40.2 GPa, while Cu was only 9.5 GPa. These
results indicate that multi-layer graphene sheets played a similar role to dense TBs
in CTS1 so they can serve as stress concentrators to affect yielding behaviour. The
subsequent plastic deformation of ASTB also involved lattice rotation and
dislocation annihilation. Figure 8.7(c) shows that the original TBs of ASTB had
collapsed due to lattice rotation, the graphene surfaces had crumpled with some
wrinkles, and then lattice rotation occurred with the annihilation of most dislocations
from Figure 8.7(c) to (f). Such a process in the nt-Cu matrix also led to the transition
of sandwiched graphene from disorder to order. Figure 8.7(f) shows that ASTB has
a uniform grid structure. The perfect FCC Cu atoms are distributed adjacent to the
flat parts of graphene, and newly formed TBs are located at every turning point in
the sawtooth-shaped graphene sheets.
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Figure 8.7 The formation of buckling graphene structures in ASTB under compressive loading.
The atomic CNA results at (a) ε=0, (b) ε=0.0692, (c) ε=0.0703, (d) ε=0.0713, (e) ε=0.0725, and (f)
ε=0.0731.

The structural change of ASTB shown in Figure 8.7(b) to (f) was very fast because
it occurred in a small strain range from 0.0692 (point A) to 0.0731 (point B) (see
Figure 8.8(a)). Once the lattice rotation was completed with the annihilation of all
dislocations, the stress increased linearly again until it reached a strain of 0.1214
(point C). Figure 8.8(b) shows that the distance ‘W’ was almost 5.06 nm at point B
and it decreased continuously to about 4.79 nm at point C. The bending angle α also
decreased from 138.1° to 129.8°, while the thickness ‘T’ increased from 0.82 nm to
1.15 nm from point B to point C. These results indicate that multilayer graphene
sheets can maintain a stable buckling morphology over a wide range of strain. Such
flexibility may enhance its tolerance to faults in experiments and broaden its
application prospects [328]. The corresponding Syy in Figure 8.8(d) indicates that the
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turning areas of graphene sheets had high tensile stress at 7.5 GPa. Since the newly
formed TBs are located at these turning areas in Figure 8.7(f), the regular distribution
of Syy indicates that these new TBs in the nt-Cu matrix will help to maintain the
sawtooth-shaped graphene morphology.

Figure 8.8 The stability and flexibility of buckling structures in multilayer graphene/nt-Cu
composites. (a) The stress-strain curve of ASTB, (b) The schematic illustration for distance ‘W’,
bending angle α and thickness ‘T’, (c) The sawtooth-shaped morphology of multilayer graphene
sheets at a strain of 0.10, and (d) the corresponding Syy stress distribution, where the nt-Cu matrix
has been hidden for clarity.

8.3.4 Synergistic movement of graphene and nt-Cu matrix
To examine the importance of the nt-Cu matrix in the formation of uniform buckling
structures, another model was constructed based on ASTB, where a single-crystal
Cu matrix replaced the nt-Cu matrix and the other conditions remain unchanged.
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Figure 8.9(a) shows that the primitive wrinkles of graphene led to the nucleation of
initial dislocations (Burgers vectors b = (1/6) [2 1 -1]). After further compression,
very dense and tilted TBs were formed at the graphene/Cu interfaces; as shown in
the previous study [73]. The graphene morphology has an inhomogeneous
distribution and a certain degree of inclination in the compressive direction. Some
residual dislocations still exist in the areas marked by a dashed ellipse in Figure
8.9(a), which resulted in weaker work hardening than in ASTB (Figure 8.10).

Figure 8.9 The compressive behaviour of the graphene/single-crystal Cu composite and pure ntCu. (a) The inhomogeneous distribution of graphene sheets in the single-crystal Cu matrix, (b)
Atomic configurations of pure nt-Cu under uniaxial compression.

This comparison revealed that the nt-Cu matrix had more uniform buckling
structures, whereas the nt-Cu matrix had a symmetrical lattice structure. When the
twin spacing is small enough the nt-Cu matrix becomes so soft that lattice rotation
may occur with dislocation annihilation. This process provides a driving force for
the evolution of sandwiched graphene morphology from disorder to order, as
discussed in Chapter 6. Moreover, after annihilation, the newly formed TBs that are
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perpendicular to the compression direction provide a supporting skeleton for
graphene sheets, whereas the graphene sheets in the single-crystal Cu matrix cannot
form uniform buckling structures due to residual dislocation movement without
dislocation annihilation.
The incorporation of graphene is an indispensable condition for lattice rotation; to
prove it the compression of pure nt-Cu was simulated and the results are shown in
Figure 8.9(b). Its plastic deformation was dominated by dislocation processes on
different slip planes which left plenty of zigzag stacking faults. These structures were
barely destroyed even after being deformed by 20% strain. However, Figure 8.7
shows that these zigzag stacking faults can easily be changed in the presence of
graphene. The synergistic movement of graphene and the nt-Cu matrix may be
driven by two factors. First, it is well known that decoupling graphene from the Cu
matrix is very easy because of weak interfacial bonding so even if the decoupling
movement in a nanolayered structure is limited, it is still easy for copper atoms to
slip or rotate on the graphene surfaces under compressive loading. Second, the
incorporation of multilayer graphene sheets can split a thick nt-Cu matrix into
several thin films such that each separated Cu film has a free space for lattice rotation,
which promotes the evolution of graphene morphology.
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Figure 8.10 The stress-strain curves and atomic configurations of (a) the multilayer
graphene/single-crystal Cu composite, (b) the multilayer graphene/nt-Cu composite.

8.3.5 Decoupling of graphene from the nt-Cu matrix
A uniform wrinkling and buckling of graphene were obtained under certain
conditions and it is expected that they can be used in various applications. Previous
studies indicated that graphene transfer is key to its applications [329]. These
graphene sheets should be isolated from the original substrates and then transferred
to the target materials. The ‘wet transfer method’ is a widely used approach for the
chemical vapour deposition (CVD) transfer of graphene in which polymeric
polydimethylsiloxane (PDMS) or poly (methyl methacrylate) (PMMA) is used as a
protective layer on the surface of graphene to minimise damage during transfer,
followed by etching the substrate underneath [27]. However, Figure 8.11(a) and (d)
show that the graphene sheets with unique morphologies were embedded in the nt174

Cu matrix, which makes direct transfer difficult. This means exposing the graphene
to the surface of the nt-Cu matrix by moving the upper substrate along the Y-axis
while keeping the lower substrate unchanged, as shown in Figure 8.11(b) and (e).
However, the results were unsatisfactory. The original wrinkling and buckling of
graphene would be damaged in the decoupling process, as shown in Figure 8.12.
Figure 8.11(c) and (f) shows that as the distance between the upper and lower Cu
substrates increased the graphene-Cu interaction becomes weaker. Most carbon
atoms in graphene were suspended in the gap rather than clinging to the substrate;
essentially, the graphene lost its original morphology due to lack of support from the
nt-Cu matrix.

Figure 8.11 The decoupling results of moving the upper substrate along the Y-axis. (a) The singlelayer graphene with wrinkling structures in CST1, where nt-Cu substrates are translucent and
coloured yellow for clarity, (b) The decoupling method of CST1 along the Y-axis, (c) The damaged
wrinkling morphology when the gap was 1.2 nm long, (d) The multilayer graphene with buckling
structures in ASTB, (e) The decoupling method of ASTB, (f) The damaged buckling morphology
when the gap was 1.5 nm long.
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Figure 8.12 The damage done to graphene in the decoupling process along the Y-axis.

Another method of forcing the nt-Cu matrix to slide along the Z-axis was proposed,
and it proved to be a better choice for decoupling graphene. The sliding operation in
CST1 is shown in Figure 8.13(a). The single-layer graphene with wrinkling
structures was sandwiched by two nt-Cu substrates and only one substrate was given
an initial velocity in the Z-axis. When this substrate began to slide the graphene also
moved along the Z-axis due to the weak Cu/graphene interaction [330]. Figure
8.13(b) shows that region B is embedded in two substrates and regions A and C
become exposed to the surface after sliding along the Z-axis. Figure 8.13(a) and (b)
show that graphene can maintain a uniform wrinkling morphology during sliding
without any damage because the carbon atoms in all the regions are still supported
by one-side substrate at least to avoid suspension. The buckling structures in ASTB
can largely be retained using this sliding method, as shown in Figure 8.13(c) and (d).
Due to a good blocking effect of four-layer graphene sheets, the whole nt-Cu matrix
was divided into five thin Cu substrates which are independent and can slide freely
176

along the Z-axis. Setting the gradient sliding speed for each layer of the substrate is
an efficient method for decoupling multilayer graphene sheets, as shown in Figure
8.13(e). Once the graphene sheets have been exposed to the surface of the substrates,
they are similar to graphene sheets grown by CVD which can be transferred for target
applications by various advanced approaches [331, 332].

Figure 8.13 Satisfactory decoupling performance in the sliding process along the Z-axis. (a)
Schematic illustration for the sliding operation in CST1, (b) The intact wrinkling morphology
when the sliding distance was 13.3 nm, and the A, B and C regions are marked by dotted lines, (c)
A representative sliding operation in ASTB, (d) The intact buckling structures when the sliding
distance was 19.1 nm. (e) Decoupling multilayer graphene sheets by setting the gradient sliding
speed for each layer of the nt-Cu matrix.

8.4 Summary
In this Chapter, MD simulations were used to investigate the formation of unique
3D graphene structures in the nt-Cu matrix under uniaxial compression. Single-layer
graphene shows a uniform wrinkling morphology rather than forming folds, as the
new vertical TBs were distributed evenly on the surface of the graphene; this
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provided strong support and helped to avoid large local deformation of the graphene.
Buckling structures were also obtained in the multilayer graphene/nt-Cu
nanocomposites. The lattice rotation and annihilation of dislocations during
compression promoted changes in the morphology of graphene from disorder to
order. Both wrinkling and buckling structures were stable over a wide range of strain,
with small changes in the micro parameters. A simple sliding method was proposed
to decouple graphene from the nt-Cu matrix. The unique morphology of 3D
graphene can be exposed to the surface of the nt-Cu matrix for the subsequent
transfer process. The findings in this Chapter are promising because they provide an
effective approach for transforming flat graphene sheets into uniform wrinkling and
buckling structures that promote the application of 3D graphene structures in various
fields such as energy storage and catalysts.
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CHAPTER 9 High shock resistance and the selfhealing ability of graphene/nano-twinned Cu
nanolayered composites
The tensile and compressive properties of graphene/nt-Cu composite have been
investigated in previous Chapters but so far, its shock response remains unknown.
In this Chapter, MD simulations were used to investigate the shock response of the
graphene/nt-Cu nanolayered composite. Shock simulations of pure nt-Cu and singlecrystal Cu were also carried out under the same conditions for comparison. The
results indicate that the composite possesses higher shock resistance and better selfhealing ability.

9.1 Introduction
The shock compression of metallic materials occurs in a variety of situations such
as vehicle collisions [333], armour penetration [334], and high-velocity impact
welding

[335].

Designing

new

materials

with

high

shock resistance

has a broad application prospect. The shock response of Cu has been widely reported
over the past decades. The plastic wave of single-crystal Cu was always overdriven
when the shock wave propagated along the [001] direction, while an elastic
precursor can be observed at the shock front when propagating along the [110] and
[111] directions [336]. Different orientations of single-crystal copper and
polycrystalline copper also showed obvious differences in shock speed [337].
Nanocrystalline Cu showed unique mechanical properties and microstructural
evolution under shock loading due to the presence of grain boundaries (GBs). GBs
can serve as stress and shear concentration regions by providing nucleation sites for
crystal plasticity and voids [338]. Nano-twinned Cu (nt-Cu) has recently attracted
179

attention due to its unusual combination of high strength and high ductility compared
to its coarse-grained counterpart [275]. An interesting softening phenomenon (the
reverse Hall-Petch effect) was also observed in nt-Cu. With the decrease of the twinboundary spacing (TBS), the strength of nt-Cu increases and reaches a maximum at
a TBS of 15 nm, but its strength drops with a further reduction in the TBS [87]. The
effect of the TBS on the shock response of nt-Cu has also been studied, with a similar
result [339, 340]. The average flow stress behind the shock front has a maximum at
a critical TBS of 1.04 nm, which is caused by two competing dislocation activities.
Single-layer graphene, as the strongest two-dimensional material ever measured, is
a perfect reinforcement in metal matrix composites (MMCs) because of its
extraordinary mechanical properties [247]. Incorporating fragments of graphene into
a Cu matrix has been achieved by methods such as ball-milling [341], powder
metallurgy [342], electro-deposition [343], and molecular-level mixing with selfassembly [58]. A nanolayered composite consisting of alternating layers of copper
and graphene has also been successfully synthesized by transferring CVD grown
graphene onto an evaporated Cu thin film [27]. The shock response of Cu/graphene
nanolayered composites was also investigated using MD simulations in 2016 [70].
However, the orientation of Cu was not considered in most experimental
investigations [9, 65, 343, 344], and only a single-crystal Cu matrix was used in
previous MD simulations of the mechanical response of graphene/Cu composites
[69, 70, 72, 122, 345].
Unlike single-crystal Cu, nt-Cu has some unique characteristics due to its coherent
twin boundaries (TBs). For instance, TBs can be sites for dislocation aggregation
and serve as dislocation sources when they lose coherency [277, 278]. More
importantly, TBs can also act as strong barriers for dislocation propagation [83, 101],
which is similar to the blocking effect of graphene in graphene/metal composites [27,
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81, 107]. It is therefore believed that introducing graphene into an nt-Cu matrix is a
very promising way to obtain a material with superior mechanical properties, albeit
relevant studies have rarely been reported. The first attempt to prepare a graphene/ntCu composite was by electrochemical deposition in 2016 [105]. The composite was
examined in nanoindentation tests and showed a high hardness [106]. A more recent
work fabricated graphene/nt-Cu composites by pulse electrodeposition (PED) [108];
the thermal conductivity and elongation to failure of these composites were found to
increase significantly compared to pure PED Cu.
As a shock wave spreads into metallic materials, ultrafast microstructural evolution
often occurs in the tens of picoseconds time scale [346, 347], which are difficult to
observe under experimental conditions. In this situation, the technique of molecular
dynamic (MD) simulation can be ideally suited to tackle this problem because can
describe the shock loading with high resolution in both space and time [348, 349].
In the previous Chapters, single-layer graphene was introduced into the nt-Cu matrix,
and an unusual structural rearrangement with secondary reinforcement was observed
under uniaxial compression [246]. This Chapter focuses on an alternating
nanolayered structure consisting of multilayer graphene sheets and thin nt-Cu films.
MD simulations were used to investigate the shock response of this graphene/nt-Cu
nanolayered composite.

9.2 Simulation Methodology
The MD simulations were carried out using a Large-scale Atomic/Molecular
Massively Parallel Simulator (LAMMPS) [12]. Figure 9.1(a) shows the nanolayered
composite with an alternating structure consisting of four single-layer graphene
sheets and nt-Cu films. The original crystals and twinned crystals of nt-Cu are
separated by twin boundaries (TBs), as shown in Figure 9.1(b). Twinned structures
can be constructed by rotating the matrix crystal or continuous atomic displacements
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[102, 103] such that the original crystals are aligned along the [1 -1 -2], [-1 1 -1] and
[1 1 0] in the X, Y and Z directions and the symmetric twin crystals are aligned along
the [1 -1 -2], [1 -1 1] and [-1 -1 0] in the X, Y and Z directions. Graphene sheets
were then introduced into the nt-Cu matrix created by moving a portion of the Cu
atoms along the Y-axis. The distance between the graphene and the closest Cu atoms
is about 3.1 Å at equilibrium. The graphene structure is the armchair in the X-axis
and zigzag in the Z-axis. The distance between the graphene and the nearest twin
boundary is about 2 nm.

Figure 9.1 Atomic configurations of different models for shock simulations: (a) and (b) the
graphene/nt-Cu nanolayered composite, (c) pure nt-Cu, (d) single-crystal Cu.

Since a lattice mismatch between graphene and Cu may lead to lattice distortion, this
composite was designed so that the graphene and nt-Cu matrix have an integer
number of periodic units. The graphene/nt-Cu composite was about 440 Å, 160 Å,
200 Å in the X, Y and Z directions. The total number of atoms in the composite was
more than 1.1 million. For comparison, a pure nt-Cu with twin spacing of 3.75 nm
is shown in Figure 9.1(c). The single-crystal Cu aligned in the X [1 -1 -2], Y [-1 1 182

1] and Z [1 1 0] directions respectively is shown in Figure 9.1(d). All the models are
the same size in the X- and Z- directions. The graphene/nt-Cu composites in the Yaxis are about 8 Å larger than the other two samples due to the incorporation of
graphene.
The classic embedded-atom-method (EAM) was used to describe the Cu-Cu
interaction [111] whereas the C-C interaction in the graphene is described by the
adaptive intermolecular reactive empirical bond order (AIREBO) potential [113].
The interaction between C and Cu is described by a Lennard-Jones potential with
potential depth = 0.02578 eV and size parameter =3.0825 Å [70, 72].
Periodic boundary conditions were applied in all three directions. All models were
first relaxed using conjugate gradient energy minimisation and then further relaxed
in an isothermal-isobaric (NPT) ensemble at 300 K for 100 ps [265]. To induce a
transient shock wave, the first 2 nm of the model was set as the piston. The atoms in
the piston were given an impact velocity Up for a duration of 5 ps along the shock
direction (X-axis). The impact velocity varied from 4.5 km/s to 8.5 km/s. During the
shock loading, periodic boundary conditions were applied along the Y and Z
directions, while the system was kept free in the X-axis. A microcanonical NVE
ensemble was used in this shock simulation. The time step was 1 fs.
To extract the average physical properties the models were divided into fine bins
along the shock direction. Using the 1D binning analysis in LAMMPS, the average
mass density, particle velocity and stress components σij can be obtained in each bin.
The shear stress was defined as τ = σxx − (σyy+ σzz)/2, and the hydrostatic pressure
was defined as P = −(σxx + σyy + σzz)/3. The local temperature was calculated from
the kinetic energy [350], and visualization was achieved by using the Open
Visualisation Tool (OVITO) [266]. Using the common neighbour analysis (CNA),
the crystal structure of Cu was identified as face-centred cubic (FCC), body-centred
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cubic (BCC), hexagonal close-packed (HCP), or other unknown types. The Burgers
vectors of the dislocations were determined by the dislocation extraction algorithm
(DXA) [267]. The dislocation density was calculated as the length of the total
dislocation line divided by the volume of the sample. The shock velocity was
calculated according to the distance moved by the shock front in a given time.

9.3 Results and discussion
9.3.1 Plastic shock wave induced by graphene under low impact velocity

Figure 9.2 (a) Average mass density and (b) Shock stress σxx of the graphene/nt-Cu nanolayered
composite for an initial impact velocity of 4.5 km/s.

The mass density and shock stress contours of the composite with an initial impact
velocity of 4.5 km/s are shown in Figure 9.2. Before shock loading, the mass density
of the composite was 8.05 g/cm3. The shock wave compressed the local copper
atoms and generated a high-density pattern along the shock direction, as shown in
Figure 9.2(a). The maximum density was 9.15 g/cm3. Since the shock was along the
X-axis, the trace of stress components σxx can show the position of the shock front.
Figure 9.2(b) shows that the larger σxx is observed in the initial stage of the shock.
The σxx can increase to almost 25 GPa from 0 to 5 ps between position 0 to 0.4 in
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the X-axis. The propagating shock wave reached the end of the composite in 8 ps.
The average velocity of propagation was 5.5 km/s. Figure 9.2(a) and (b) show that
the shock loading impact lasted from 0 to 15 ps, after which the mass density and
shock stresses showed a relaxed state. The CNA results show the deformation of the
composite under shock loading in Figure 9.3 in terms of the distribution of σxx at
representative moments.

Figure 9.3 Atomic CNA results of the composite with the corresponding distribution of σxx at (a)
3 ps, (b) 5 ps and (c) 7.5 ps. (d) CNA results and σxx distribution of pure nt-Cu at 5 ps.

In the early stage of shock, the primitive wrinkles of graphene at 3 ps shown in
Figure 9.3(a) triggered the nucleation of a small number of dislocations due to local
lattice disturbance. As the shock wave propagated in Figure 9.3(b), the graphene
shows obvious out-of-plane deformation and numerous dislocations generated
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between adjacent graphene sheets. Figure 9.3(c) shows that when the shock wave
had traversed almost throughout the whole model at 7.5 ps, more dislocations were
generated but did not spread to the right side of the model, so the graphene sheets in
this region maintained a flat morphology. This indicates that the shock wave
gradually weakened during its propagation until it could not induce dislocation
nucleation.
However, there was no dislocation in pure nt-Cu under the same shock conditions,
as shown in Figure 9.3(d). Some of the pure nt-Cu atoms affected by the shock waves
were identified as ‘other’ types at 5 ps because their original FCC structure had been
damaged and the new local crystalline order had not formed. These results indicated
that an impact velocity of 4.5 km/s was small enough to ensure an elastic shock wave
for pure nt-Cu. Different shock behaviour between the composite and pure nt-Cu
indicated that graphene can be an initiator for plastic deformation even under low
impact velocity.
The shear stress τ and hydrostatic pressure P in the two materials are shown in Figure
9.4. The shear stress of pure nt-Cu under the shock loading remained stable at over
6 GPa at 5ps and 7.5ps in Figure 9.4(a) and (b), since there was only the disturbance
of elastic waves without any plastic deformation. However, the shear stress in the
composite was at a lower level because τ was about 4.5 GPa at 5 ps and even less
than 3 GPa at 7.5 ps for 0.2 < X < 0.4. X represents the normalised position along
the X-axis. Figure 9.3 shows that the incorporation of graphene induced the
nucleation of many dislocations which released a shear force when they moved.
Furthermore, the hydrostatic pressure P generally represents the overall force of the
system. Figure 9.4(c) and (d) show that P of pure nt-Cu was almost unchanged at
about 14.5 GPa, but there was a sudden drop in P for the composite along the X-axis.
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Figure 9.4(c) shows that the Cu atoms in the composite between positions 0.03 and
0.36 had a higher P than pure nt-Cu at 5 ps. The maximum of P was 16.9 GPa.

Figure 9.4 (a) and (b) Shear stress τ in pure nt-Cu and the composite under shock loading with an
initial impact velocity of 4.5 km/s at 5 ps and 7.5 ps, respectively. (c) and (d) Hydrostatic pressure
P in the two materials at 5 ps and 7.5 ps, respectively.

However, there was a rapid drop in P for the composite from X ≈ 0.36 to the front
of the shock. There was a similar phenomenon at 7.5 ps in Figure 9.4(d), where P
was more than 15 GPa for the composite near the piston, after which it decreased to
11.8 GPa as the shock wave propagated along the X-axis. The shock stress of the
composite also had a faster rate of decline, Figure 9.5(a) shows that the shock
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stresses σxx in all bins along the shock direction were always lower than pure nt-Cu
at 7.5 ps, albeit their difference was insignificant at 5 ps in Figure 9.6.

Figure 9.5 (a) Distribution of shock stress σxx in pure nt-Cu and the composite at 7.5 ps (impact
velocity = 4.5 km/s). (b) Local maximum temperature as a function of time under shock loading.

Figure 9.6 Distribution of shock stress σxx in pure nt-Cu and the composite at 5 ps under shock
loading with an impact velocity of 4.5 km/s.
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The local maximum temperature was recorded in Figure 9.5(b) as a function of time.
The initial temperature of the shock simulation in this study was 300 K, but when
the shock wave had not reached the end of the material, the local maximum
temperature caused by the shock front was around 900 K. The temperature would
then rise sharply as the shock wave reaches the free rear surface and is reflected as
a tensile wave. The local maximum temperature of pure nt-Cu was 2647 K at 10 ps,
whereas the composite was only 2297 K at 8.5 ps. These results indicate that
compared to pure nt-Cu, the composite can absorb the impact force and reduce the
impact of the shock wave on other parts of the material. The main reason for the
higher shock resistance is that as graphene wrinkles it induces rapid nucleation and
propagation of dislocations in the composite which consumes the energy of the
shock wave. Liu et al. also found that the weak bending stiffness of graphene could
lead to interlayer reflections [351] that may be another reason why the shock wave
is weakened.
9.3.2 High shock resistance of graphene/nt-Cu composites
A shock wave under a low impact velocity (4.5 km/s) can induce plastic deformation
in the composite, but only an elastic wave was observed in pure nt-Cu. When the
impact velocity increased to 5.5 km/s, dislocation movement can also occur in pure
nt-Cu, as Figure 9.7(a) shows, the initial dislocations in pure nt-Cu were nucleated
from twin boundaries at 3 ps and these dislocations continuously glide to form a
number of stacking faults at 4 ps and 5 ps. This is similar to the deformation of pure
nt-Cu under uniaxial compression [103]. A shock simulation of single-crystal Cu
was also carried out at an impact velocity of 5.5km/s, it resulted in no plastic
deformation during shock loading. These results reveal the superiority of twinned
structures. Highly-organised dislocation nucleation and propagation were widely
observed in nt-Cu [259, 352]. It was found that twin boundaries can act like stress
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concentrators which facilitate dislocation nucleation under external loading [84,
353]. However, graphene can also induce the nucleation of dislocations due to its
wrinkling structures, as discussed before which means there is a synergistic effect
between the twin boundaries and the graphene that increases the plastic sensitivity
under shock loading. This is why graphene was introduced into the nt-Cu matrix
rather than the single-crystal Cu matrix in this study.

Figure 9.7 Plastic deformation of (a) pure nt-Cu and (b) graphene/nt-Cu composite under shock
loading for an impact velocity of 5.5 km/s.

Figure 9.7(b) shows that dense zigzag stacking faults formed in the composite at 3
ps, whereas the initial partial dislocations of pure nt-Cu had just nucleated at 3 ps,
as shown in Figure 9.7(a). A DXA analysis in OVITO enabled the evolution of
dislocation density in the different materials to be calculated, the results are shown
in Figure 9.8(a).
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Figure 9.8 Comparison of different physical properties in three materials at an impact velocity of
5.5 km/s: (a) Evolution of dislocation density from 1 ps to 5 ps, (b) Shear stress τ, (c) Shock stress
σxx, and (d) Distribution of particle velocities at 5 ps.

The dislocation density of single-crystal Cu is always zero because of its high
Hugoniot elastic limit [354], but for the composite, the nucleation of partial
dislocations was first observed at 1.2 ps, after which its dislocation density rapidly
increased to a maximum of 3.17 × 1013 cm-2 at 3.8 ps. The dislocation density then
gradually decreased due to the transition from stacking faults to twin faults. Some
twins were formed in the composite perpendicular to the direction of shock at 5 ps,
as shown in Figure 9.7(b), but the nucleation of initial dislocations of pure nt-Cu
occurred 3 ps later than in the composite (1.2 ps). The dislocation density of pure ntCu can increase continuously from 3 ps to 5 ps, as shown in Figure 9.8(a), because
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only the stacking faults propagate without the formation of twins. For further
analysis, the shear stress, shock stress and particle velocity in the three materials
were extracted at 5 ps. Figure 9.8(b) shows that the shear stresses in pure nt-Cu and
the composite were obviously smaller than in single-crystal Cu because their shear
forces have been released due to dislocation sliding. Note here that the average shear
stress in each bin of the composite was at its lowest level, which indicates that the
dislocation motion in the composite has a stronger relaxation effect on the shear
force than in other materials because the synergistic effect between the twin
boundaries and the graphene induces more dislocation motion. Meanwhile,
the energy of the shock wave in the composite was absorbed which reduced the
shock stress and particle velocity. Figure 9.8(c) shows that the shock stresses σxx of
single-crystal Cu remained stable (~31 GPa) at the highest level, which is consistent
with the characteristics of elastic waves. The σxx of pure nt-Cu in each bin was lower
than single-crystal Cu but higher than the composite. The σxx near the shock front
was 24.8 GPa in pure nt-Cu and 20.3 GPa in the composite. Furthermore, the
distribution of particle velocity is similar to that shown in Figure 9.8(d) where the
minimum particle velocity near the shock front was almost 4.2 km/s in the composite,
which is lower than in pure nt-Cu (4.7 km/s) and single-crystal Cu (5.4 km/s). These
results indicate that pure nt-Cu can also absorb a shock impact under a higher impact
velocity, but only to a limited extent. Introducing graphene into the nt-Cu matrix is
a feasible way to further enhance the shock resistance of materials.
9.3.3 Self-healing behaviour
The plastic deformation of the composite has been described from 0 to 7.5 ps as the
shock wave propagates from the left to the right in Figure 9.3. When the shock wave
reaches the free rear surface at 8 ps, there was a sharp increase in free surface
velocity which is reflected as a tensile wave. The velocity profiles in Figure 9.9(a)
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indicate that a shock wave with an initial impact velocity of 4.5 km/s can induce a
high free surface velocity of about 8.3 km/s. The reflected wave continues to
propagate towards the left from 8 ps to 16 ps, which causes most atoms in the
composite to accelerate again. Meanwhile, due to interaction between the reflected
tensile wave and the tail of the initial compressive wave, the shock stress σ xx was
released from 19 GPa to 7 GPa, as shown in Figure 9.9(b).

Figure 9.9 Distribution of (a) particle velocity and (b) shock stress σxx in the composite at an initial
impact velocity of 4.5 km/s.

As the reflected wave propagated there was an interesting self-healing behaviour at
the atomic level in the composite. Several representative atomic configurations of
the composite (initial impact velocity = 4.5 km/s) were selected to show this selfhealing process. Figure 9.10 shows there are still dense stacking faults between
adjacent graphene sheets at 12 ps, but at 14 ps in Figure 9.10(b), some HCP
structures (red atoms) located at the X-axis position of 0.4 gradually disappeared, to
be replaced by regenerating FCC structures (green atoms) and twin boundaries. The
position X=0.4 corresponds to the front of the reflected wave because it is the turning
point of velocity and shock stress at 14 ps, as shown in Figure 9.9. This indicates
that the releasing effect of the reflected shock wave has a close relationship with the
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self-healing process. Liu et al. reported a similar self-healing effect in
graphene/single-crystal Cu composites which was also accompanied by the release
in the shear loading [69]. There were only a small number of residual dislocations at
16 ps, as shown in Figure 9.10. Finally, at 18 ps the composite almost restored its
original morphology without any dislocation activity.

Figure 9.10 The self-healing process under shock loading represented by: (a) 3D Atomic
configurations and (b) the X-Y plane of the graphene/nt-Cu composite with an initial impact
velocity of 4.5 km/s.

9.3.4 Relationship between the self-healing performance and the initial impact
velocity
In order to investigate the relationship between the self-healing performance and the
initial impact velocity, the percentage of HCP structures in the composite was
recorded at every 0.5 ps at different impact velocities.
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Figure 9.11 (a) The percentage of HCP structures at different impact velocities for the graphene/ntCu composite as a function of time, (b) and (c) CNA results of the composite at 22 ps at an impact
velocity of 5.5 km/s and 6.5 km/s respectively, (d) The relationship between the HCP percentage
at different impact velocities for pure nt-Cu as a function of time, (e) and (f) CNA results of pure
nt-Cu at 22 ps at impact velocities of 5.5 km/s and 6.5 km/s respectively.

Figure 9.11(a) shows that all the curves had similar trends during shock loading. The
HCP structures in all models accounted for 5.2% at 0 ps due to the existence of twin
boundaries. The percentage of HCP structures increased rapidly in the first 10 ps as
the shock wave induced plastic deformation, but then it gradually decreases as the
reflected wave propagated and then remained constant after it reached equilibrium.
The curve of the composite with an impact velocity of 4.5 km/s shows a perfect self-
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healing process because its initial percentage of HCP was almost equal to the final
equilibrium. These results are consistent with the CNA results shown in Figure 9.10.
Furthermore, the composites with initial impact velocities of 5.5 km/s and 6.5 km/s
also exhibited good self-healing. Their percentages of HCP structures were 6.5 %
and 10.7% at 22 ps respectively, which was slightly higher than the initial value
(5.2%). Figure 9.11(b) and (c) show that the system can largely maintain its original
morphology even though some stacking faults still exist in the left-hand side of the
composite. These residual HCP structures were mainly caused by an attenuation of
the reflected wave because the intensity of the reflected wave would be weakened
as it propagated from right to the left. This means the high compressive stresses in
the left side region cannot be completely released. Moreover, at impact velocities of
7.5 km/s and 8.5 km/s, both percentages of HCP structures remained over 20% after
20 ps, as shown in Figure 9.11(a).
There are several reasons for the weakened self-healing effect for high initial impact
velocities. Firstly, a shock wave with a high impact velocity can induce
more dislocation activities. For example, the maximum percentage of HCP
structures was 38.9% at an initial impact velocity of 7.5 km/s, which was much
higher than the value (18.2%) at 4.5 km/s seen in Figure 9.11(a). The saturated
dislocation patterns increased the difficulty of the phase transition from HCP to FCC.
Secondly, at an initial impact velocity of 8.5 km/s, the maximum percentage of HCP
structures for the composite was 35.0% at 10 ps, which is less than at 7.5 km/s
(38.9%). This was because the ultra-high-speed shock wave destroyed the original
lattice structure, and more than 50% of the atoms were identified as the ‘other’ type
(Figure 9.12).
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Figure 9.12 CNA results of the composite at 10 ps with an initial impact velocity of 8.5 km/s.
More than 50% of the atoms were identified by Ovito as the ‘other’ type.

The irregular motion of these other types of atoms would disrupt the lattice order,
which is not conducive to the regeneration of FCC structures. Thirdly, higher
compressive stresses were generated at higher impact velocities but the releasing
effect of the reflected wave was not strong enough. For instance, Figure 9.13 shows
that the shock stress σxx at 8.5 km/s can be as high as 38.6 GPa at 12 ps in the left
side region of the composite, where the reflected wave has not yet reached. Even
though the σxx has been partially released on the right side of the composite, it
remains at a high level of about 23 GPa, which is even larger than the maximum σxx
of the composite at 5.5 km/s. These results indicate that to enhance the self-healing
effect, damaging the lattice structure at a high impact velocity should be avoided.
Another method is to artificially increase the intensity of the reflected wave for a
better releasing effect.
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Figure 9.13 Distribution of shock stress σxx in the composite at 12 ps under shock loading with the
initial impact velocity of 8.5 km/s.

9.3.5 Improving the self-healing ability by incorporating graphene
The percentage of HCP structures in pure nt-Cu has also been plotted in Figure
9.11(d). The value of pure nt-Cu at 4.5 km/s remains almost unchanged at 5.5% due
to the elastic shock wave, while the percentages of HCP for other velocities first
increased and then decreased, whereas their values at equilibrium were much higher
than the initial value (5.5%). For example, at velocities of 5.5 km/s and 6.5km/s, the
HCP percentages of pure nt-Cu are 15.2% and 20.3% at 22 ps respectively in Figure
9.11(d), whereas the composites were only 6.5% and 10.8% at 22 ps in Figure
9.11(a). The corresponding CNA results are shown in Figure 9.11(e) and (f). It was
found that a large number of stacking faults had been generated parallel to the
direction of shock in pure nt-Cu at 22 ps at 5.5 km/s and 6.5 km/s. These stacking
faults penetrated the whole model and the original lattice structure of pure nt-Cu was
damaged severely, however, there are only a few residual dislocations in the
composite in Figure 9.11(b) and (c). These results indicate that pure nt-Cu has a
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certain self-healing ability that is weaker than the composite. It is therefore
suggested that the incorporation of graphene plays an important role in improving
the self-healing tendency. To check this proposition, several atomic configurations
at representative moments were analysed for further comparison.

Figure 9.14 The self-healing process in (a) pure nt-Cu and (b) graphene/nt-Cu composite under
shock loading at an initial impact velocity of 5.5 km/s.

Figure 9.14(a) shows that a large number of stacking faults with their associated
partial dislocations were generated in pure nt-Cu at 6 ps but due to the high
compressive stress induced by the shock wave, the angle between the symmetrical
stacking faults gradually decreased, leading to the formation of dense twins
perpendicular to the direction of shock at 10 ps. These twinning structures could
easily spread throughout the body of the material along the Y-axis. Some
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dislocations were nucleated near the free right end (marked by a dotted ellipse at 10
ps in Figure 9.14(a)), but excessive dislocation will hinder the self-healing process.
Although the reflected wave released the compressive stress, leading to the gradual
disappearance of the vertical twins shown at 14 ps and 18 ps, some new stacking
faults formed simultaneously which were parallel to the direction of the shocks. This
phenomenon may have been caused by lattice disorder during the rearrangement
process. The inhomogeneous distribution of new stacking faults would remain stable
in pure nt-Cu after relaxation, as shown in Figure 9.11(e), which would not be
conducive to the recovery of the original morphology.
However, after the incorporation of graphene, the self-healing process was faster and
smoother because graphene can hinder the propagation of dislocations as
demonstrated by both experiments and simulations [107, 122]. In the present study,
four layers of graphene acted similar to impenetrable walls in that they separated the
nt-Cu matrix into several independent films, as shown in Figure 9.14(b). Therefore,
the movement of dislocation was confined within adjacent layers of graphene and
dislocations cannot penetrate through the composite along the Y-axis. In this case,
the lattice disorder was smaller so it was much easier for the phases to transition
from HCP to FCC in each thin nt-Cu film. Secondly, dislocations did not propagate
into the free right end at 10 ps, as shown in Figure 9.14(b) due to high shock
resistance as the composite consumed the energy of the shock wave so that the right
side of the model could maintain its original morphology without dislocation activity.
Compared to pure nt-Cu, fewer HCP structures existed in the composite, as shown
in Figure 9.11(a) and (d), and this was certainly beneficial for the self-healing
process. This self-healing ability is a highly desired property because it could reduce
maintenance costs, improve durability, and also extend the lifetime of metallic
devices [355, 356].
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9.4 Summary
In this Chapter, MD simulations were used to investigate the shock response of
graphene/nt-Cu nanolayered composite. This composite had a higher shock
resistance than pure nt-Cu and single-crystal Cu. The wrinkling of graphene can help
to initiate the nucleation of numerous dislocations, and the rapid propagation of
dislocations will consume the energy of the shock wave and reduce the shock
stresses and particle velocities. Furthermore, a self-healing process was observed the
reflected wave propagated, despite the self-healing tendency to become weaker at a
higher initial impact velocity. This composite has a better self-healing ability than
pure nt-Cu because the dislocation movement was confined within adjacent layers
of graphene and the dislocations could not penetrate through the whole body of the
material. Due to the simultaneous occurrence of high shock resistance and good selfhealing ability, it is believed that the graphene/nt-Cu nanolayered composite can be
an effective shock absorber with broad application prospects.
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CHAPTER 10 Conclusions and Recommendations
10.1 Conclusions
In this thesis, MD simulations were carried out to investigate the mechanical
properties and deformation of graphene/metal composites. The main conclusions are
as follows:
In Chapter 4 different MD simulation models were used to investigate the effects
that content and the chirality of graphene had on the mechanical properties of
nanolayered graphene/Cu composites. The increasing volume fraction of graphene
can significantly enhance the Young’s modulus and tensile strength of composites,
but it leads to a lower yield strain. A negative Poisson’s ratio of composites (NPRC)
under uniaxial tension was observed at an atomic level. The corresponding
mechanism was revealed as an enhanced surface effect and inhomogeneous
distribution of stress due to the graphene-Cu interface. The strengthening
mechanism of graphene was investigated by the constraining effect in the elastic
region and the blocking effect in the plastic region. In a multi-layer structure, the
middle copper film showed better tensile properties because its movement was
constrained between two layers of graphene. This blocking effect plays an important
role in the interface interaction between graphene and dislocations. Graphene
effectively blocks dislocations from penetrating through and restricts the synergistic
movement of copper atoms.
In Chapter 5, further exploration of the negative Poisson’s ratio in nanolayered
graphene/Cu composites was carried out using MD simulations. The nanolayered
composites exhibited an apparent auxetic behaviour without any modification of
graphene because the graphene/Cu interface can significantly enhance the surface
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effect and lead to an earlier phase transformation of the Cu component. A
simultaneous positive and negative Poisson's ratio can be achieved in an asymmetric
composite due to the good blocking effect of graphene on two separated Cu films.
Materials with simultaneous negative/positive Poisson’s ratio have potential
applications in scaffold design where the magnitude and polarity of Poisson’s ratio
must be tuned in tissue engineering. Furthermore, a composite consisting of
alternating multilayer graphene and thin Cu films can overcome scale limitations if
its negative Poisson's ratio persists when the total thickness exceeds 100 nm. It was
found that the change in the absolute value of Poisson's ratio decreased as the total
thickness increased. Graphene/Cu composites with only a slight deformation under
external loading may be used to fabricate telecommunication cables as long as the
dimensions remain unchanged when subjected to high hydrostatic pressure in the
deep ocean.
In Chapter 6, several graphene/nanotwinned Cu nanocomposites were designed and
their compressive behaviours were investigated by MD simulations. There was an
unusual structural rearrangement under compression at an atomic level where the
graphene provided a supporting skeleton for the lattice rotation of nano-twinned Cu
under certain conditions; this resulted in the annihilation of dislocations as the
elasticity recovered. This rearrangement improved the strength and durability of the
nanocomposites due to the intensive support provided by periodic graphene wrinkles
and new twin boundaries. The interaction between graphene and the nano-twinned
Cu matrix could be enhanced by decreasing the twin spacing and introducing
multilayer graphene. The symmetrical lattice orientation in the matrix, parallel
graphene twin boundaries, and a suitable direction of compression collectively
contributed to a perfect structural rearrangement.
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In Chapter 7, four types of graphene/nano-twinned (nt) metal composites were
constructed by incorporating graphene into nt-Au, nt-Ag, nt-Al and nt-Ni matrices.
Their mechanical properties and deformation were investigated by MD simulations.
There was strong strain hardening in Gr/nt-Au and Gr/nt-Ag due to a fast structural
transition. This transition began with the propagation of partial dislocations,
followed by lattice rotation and the formation of stacking faults (SF); it finally
resulting in the formation of ultrahigh-density twins that were similar to the
experimental findings. The strain-hardening behaviour can only be obtained under
uniaxial compression along [1 -1 -2] direction where it shows a high orientation
dependence. Graphene wrinkles and symmetrical lattice structure in nt-metal
matrices were the two key factors needed for a smooth structural transition with
strong strain hardening in Gr/nt-Au and Gr/nt-Ag. There was no strain hardening in
Gr/nt-Al and Gr/nt-Ni because the wrinkling of graphene cannot induce the
nucleation of dislocations due to the high SF energies of Al and Ni.
In Chapter 8, the nt-Cu matrix with small twin spacing was used to induce waveshaped wrinkling and sawtooth-shaped buckling graphene structures under uniaxial
compression. The nt-Cu matrix had a symmetrical lattice structure for the lattice
rotation and dislocation annihilation which resulted in the transition of sandwiched
graphene from 2D to 3D structures with good uniformity. The newly formed twin
boundaries (TBs) in the nt-Cu matrix improved the resistance of graphene to out-ofplane deformation, which means that graphene can maintain a stable wrinkling or
buckling morphology over a wide strain range. These 3D texturing structures were
very flexible and their micro parameters can be controlled by applying different
compressive strains. A simple sliding method was proposed to decouple graphene
from the nt-Cu matrix without causing any damage. This work is a novel way to
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induce and transfer the uniform wrinkling and buckling of graphene, and it may
expand the application of graphene in energy storage and catalysis.
In Chapter 9, the shock response of graphene/nt-Cu composites was investigated by
MD simulations. Unlike nt-Cu and single-crystal Cu, the graphene/nt-Cu composite
both had higher shock resistance and better self-healing ability. It was found that
wrinkling graphene could initiate the rapid nucleation of numerous dislocations in
the composite, even at a low impact velocity of 4.5 km/s, whereas only an elastic
wave was observed in the metal matrix under the same conditions. The subsequent
propagation of dislocations absorbed the impact force, leading to a rapid decline of
shock stresses and particle velocities. There was a synergistic effect between the
graphene and twin boundaries after increasing the plastic sensitivity of the composite
at a higher impact velocity; this resulted in the larger dislocation density with higher
shock resistance. There was also a fast and smooth self-healing process as the
reflected wave propagated, and since graphene cannot easily be perturbed by
dislocations due to high in-plane stiffness, the integrity of the crystal lattice in the
graphene/nt-Cu composite slowly degraded, showing a better self-healing
performance.

10.2 Recommendations for future work
The MD simulations in this thesis have contributed to our understanding of the
mechanical properties and deformation of graphene/metal composites. However,
since there are still some unresolved issues, the recommendations for future work
are as follows:
(1) Considering the convenience of the initial model construction, nanolayered
structures consisting of graphene and metal films were the main research objects in
this work. However, the graphene nanoparticles in the metal substrate were often
dispersed in most previous studies of graphene/metal composites. To predict the
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mechanical properties of the composite with embedded graphene nanoplatelets, it
requires more complex and refined modelling techniques because the size,
distribution density, and orientation of graphene nanoplatelets may have different
effects on the mechanical performance of the composite.
(2) One of the most critical findings in this thesis concerned the structural transition
with strong strain hardening observed in the graphene/nt-Cu, graphene/nt-Au, and
graphene/nt-Ag composites. This structural transition begins with the propagation
of partial dislocations, followed by lattice rotation and the formation of ultrahighdensity twins. Although some experimental results were similar to our theoretical
results, there was a lack of rigorous experimental verification. It is expected that the
prediction of strain hardening will be validated in the near future.
(3) The accuracy of the MD results depends mainly on the selection of the
interatomic potential. Although both this work and other MD simulations used the
Lennard-Jones (LJ) potential to describe the weak metal-C interaction, the LJ
potential with two coefficients may only provide an approximation result. The LJ
potential is not as accurate as some complex many-body interactions. With the rapid
development of computing technology, a better interatomic potential (at least a
three-body potential) should be developed to describe the metal-C interaction.
(4) The MD simulation in this thesis was used to investigate the mechanical
properties of different graphene/FCC metal composites, whereas BCC and HCP
metal matrices can also be considered in future work.
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